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Abstract 
Microstructural stability of nanostructured alloys under harsh environments such as high 
temperatures and high dose irradiation is a primary concern in the deployment of those materials 
for engineering applications. This thesis work explores several pathways to stabilize 
nanostructures in Cu-based ternary alloy systems, which contain a very small fraction of refractory 
alloying element (W) that is highly immiscible with Cu. Three systems with distinct interaction 
energies have been investigated. 1) In the Cu-Nb-W system, where Nb is moderately immiscible 
with Cu but is miscible with W, very stable Nb-rich core/W-rich shell nanoprecipitates form upon 
annealing, as a result of the competition between thermodynamics and kinetics of Nb and W in Cu. 
When samples are first subjected to room temperature irradiation, however, W-rich core/Nb-rich 
shell nanoprecipitates form instead. These nanoprecipitates display even stronger resistance to 
thermal coarsening, which is rationalized by the very high trapping efficiency of ramified W cores 
for Nb atoms. 2) In the Cu-Ag-W system, where Ag is moderately immiscible with Cu and is 
highly immiscible with W, compositional patterning, as a steady state of the system under 
irradiation, can be extended to much higher temperatures by first using room temperature 
irradiation to introduce W nanoprecipitates, which then serve as sinks for point defects during 
elevated temperature irradiation. 3) In the Cu-Ni-W system, where Ni is miscible with Cu with a 
small positive heat of mixing but tends to form compound with W, irradiation-induced W 
nanoprecipitates force the Ni atoms out of solution during annealing, forming Nb-W compound, 
and the system evolves towards the same steady state during room temperature irradiation, 
regardless of the initial state. 
The work contains both experimental and computational studies.   
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CHAPTER 1  
INTRODUCTION 
The demand for nanocrystalline materials with secondary phase inclusions is high for various 
reasons. Firstly, in pursuit of enhanced mechanical properties, it has been found that the strength 
of the material increases inversely proportional to the square root of the grain size for grains larger 
than ~ 10 nm, as expressed by the Hall-Petch relationship; the presence of inclusions can serve as 
obstacles for dislocation motion since dislocations have to either cut through or bow around the 
particles; they can also serve as pinning point for dislocations; additionally the inclusions slow 
down the motion of grain boundaries by exerting a pinning pressure (Zener pinning). Secondly, in 
nuclear reactor materials, while aging is often accelerated due to the damage produced by energetic 
projectiles, grain boundaries and particle/matrix interfaces can act as internal sinks and traps for 
irradiation-induced defects, resulting in a significant extension of the material’s lifetime in service. 
However, these nanocrystalline materials are in thermodynamically non-equilibrium states due to 
the presence of high density of interfaces and excess defects, and thus during long terms of service, 
especially at elevated temperatures, those nanoscale features will coarsen and the material’s 
performance will degrade. Various approaches have been proposed to stabilize the nanostructures. 
For stabilizing small grain size, several studies, have shown that grain boundary segregation of 
appropriate solute additions to nanocrystalline metals can lower their grain boundary energies and 
hence the driving force for grain growth [1-6]; other studies have noted that by adding highly 
insoluble alloying additions to a nanostructured matrix, particularly those that have low solute 
diffusivities, stable grain structures can be maintained at elevated temperatures [7-9]. Regarding 
the stability of nano-precipitates, several groups have shown that in ternary Al alloys, by creating 
core-shell structures where the precipitate core is enriched in the fast diffusing species and the 
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shell is enriched in the slower moving species, the driving forces and/or kinetics for coarsening 
are dramatically reduced [10-12]. A more recent study has even shown that by forcing the 
precipitate size to be in the “size-focusing” regime, mono-dispersed precipitates are obtained and 
coarsening is significantly slowed down due to small capillary forces [13]. 
Another strategy to obtain stable nanostructures relies on the recognition that many materials 
undergo compositional patterning when driven far from equilibrium, thus making it possible to 
stabilize microstructures that are by design at steady state under service conditions. Furthermore, 
the characteristic length scales of the relevant processes are such that these patterned states are 
nanostructured. One of the common methods to drive systems far from equilibrium is severe plastic 
deformation (SPD), which includes equal channel angular extrusion, high pressure torsion, 
accumulative roll bonding, asymmetric rolling, mechanical alloying and surface treatments. These 
techniques involve very large strains, often accompanied by a complex stress state. They are not 
the investigation methods used in this thesis work and will not be discussed further. The method 
employed here is ion irradiation, in which interactions between energetic incoming ions and the 
target material result in complex disordering and reordering dynamic processes. As will be detailed 
in the following chapters of the text, for moderately immiscible binary alloy systems subjected to 
ion irradiation, thermodynamics favors phase separation while collision cascades can promote 
mixing. The outcome is a dynamical phase diagram, which includes three regimes: macroscopic 
phase separation (thermally activated diffusion dominates), compositional patterning (thermally 
activated diffusion and irradiation forced mixing balance each other out) and solid solution 
(irradiation forced mixing dominates) [14, 15]. For given irradiation conditions, there exists a 
maximum temperature maxT , at which compositional patterning is stable, and beyond maxT  the 
system will undergo macroscopic phase separation [7]. For high temperature applications one 
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would want maxT  to be large. This can be achieved in part by careful alloy design since, once the 
irradiation conditions are given, maxT  is determined by the radiation enhanced diffusion in the alloy. 
For highly immiscible binary alloy systems, typically 15 kJ/molmH  , such as Ag-Fe, Cu-Mo 
and Cu-W, which are thermally immiscible even in the liquid phase, ion beam mixing is quite 
small since only recoil mixing contributes, and the thermal spike phase tends to restore thermal 
equilibrium at elevated temperatures since thermal spikes can be approximated by liquid-like 
zones [16-18].  
One key feature of self-organized microstructures is that it is the steady state of the system, i.e. 
in a particular environment the system should evolve to the same microstructure regardless of its 
initial state. This property has been tested and validated in a few cases of alloys subjected to heavy 
ion irradiation [7, 19] or to severe plastic deformation [20]. Those studies focused on feature sizes 
of 10-100nm and analyzing either the volume-averaged precipitate size or the peak position in the 
precipitate size distribution. They did not, however, explore the effects of all processing 
parameters (e.g., using multiple temperatures or taking different treating time), nor did they 
provide information on the pathways that the systems took for such evolutions. For ion irradiation 
experiments, a convenient way to acquire that information is to monitor the electrical resistivity 
in-situ. Electrical resistivity is one of the traditional experimental techniques in studying the 
behavior of materials, for example the aging of alloys [21-23] and the response of materials under 
irradiation [19, 24-26]. With the help of precise design of samples, the state of the system can be 
accurately monitored with very high temporal resolution. 
This thesis work focuses on precipitation and precipitates. The goal is to address problems 
related to the microstructural stability of nanostructures materials under harsh environments such 
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as high temperature annealing and intense irradiation, in an attempt to provide novel approaches 
towards the development of environment-tolerant alloys, to elucidate the kinetic pathways of phase 
and microstructure evolution and the controlling mechanisms in these harsh environments. An 
important aspect of my work has been to go beyond the binary alloy systems studied in the past, 
and to uncover the novel possibilities afforded by employing ternary alloys. Chapter 2 introduces 
the general background knowledge on ion irradiation, focused on phenomena that are directly 
related to this thesis work. Chapter 3 introduces experimental techniques and simulation methods. 
From Chapter 4 to 6, three topics are covered with each one focused on a distinct Cu-based ternary 
alloy system and corresponding to one of the three paragraphs above. In Chapter 4 the Cu-Nb-W 
system is investigated by RBS, XRD, TEM, STEM and KMC simulation, focusing on elucidating 
the precipitation kinetics under different treatments and on the coarsening resistance provided by 
two distinct core/shell nanostructures. In Chapter 5 the Cu-Ag-W system is investigated by XRD, 
TEM and STEM, focusing on extending the compositional patterning regime of Cu-Ag to much 
higher temperatures by introducing high density of W precipitates as sinks for defects produced 
under irradiation. In Chapter 6 the Cu-Ni-W system (as well as Cu-W system) is investigated by 
in-situ electrical resistivity measurement, TEM and STEM, focusing on the kinetic pathway of 
phase evolution. 
The results obtained in Chapter 4 have been published as References [27-29]. A manuscript 
based on results from Chapter 5 will be submitted shortly [30], and another manuscript based on 
Chapter 6 is in preparation [31]. 
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CHAPTER 2  
GENERAL KNOWLEDGE ON ION-SOLID INTERACTIONS 
In this chapter general background knowledge on irradiation is provided, focusing on physics 
and phenomena that are directly relevant to this thesis work. Detailed introduction to ion-solid 
interactions and irradiation effects can be found in a number of books [1-3] and reviews [4-8].  
When an energetic incident ion interacts with a solid, the energy of the ion is transferred to the 
lattice atoms, giving birth to a primary knock-on atom (PKA) of energy T and additional knock-
on atoms as the PKA passes through the lattice. This process produces defects (vacancies and 
interstitials) that make major contributions to the irradiation related phenomena. Mathematically 
speaking, a damage rate Rd is introduced to quantify radiation damage: 
max
min
( ) ( )d
E
d i D i i
E
R N E E E   ,          (1) 
where N  is the lattice atom density, ( )iE  is the energy-dependent particle flux and ( )D iE  is 
the energy-dependent displacement cross section. The displacement cross section is a probability 
for the displacement of lattice atoms by incident particles: 
max
min
( ) ( , ) ( )d
T
D i i
T
E E T T T    ,          (2) 
where ( , )iE T  is the differential energy transfer cross section, which means the probability that 
a particle of energy iE  will impart a recoil energy T to a struck lattice atom, and ( )T  is the 
number of displaced atoms resulting from such a collision. 1 2max 2
1 2
4
( )
i
M M
T E
M M


 is the maximum 
recoil energy for an incident energy of iE . Different types of incident particles in various energy 
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ranges will employ different expressions for ( , )iE T due to the difference in potential functions. 
Three cases are recalled here: 
For ions with energies below 50keV and for near head-on elastic collisions, the hard-sphere 
potential is appropriate: 
0
0
0    for 
( )
    for 
r r
V r
r r

 
   , 
where 0r  is the atomic radius. The differential cross section is then calculated as: 
2
0( , )i
i
r
E T
E




 , 
where 1 2 1 24 / ( )M M M M   , M1 and M2 are the masses of the incident ion and target atoms, 
respectively. It is seen that ( , )iE T is independent of T.  
For light (M1 ~ 1 to 4) energetic (E ~ MeV) ions pure Coulomb potential is used 
(
2
1 2
0
( )
4
Z Z e
V r
r
  ), yielding a so-called Rutherford scattering, where  
2
2
1 2 1
2
0 2
(E ,T)
4
i
i
Z Z e M
T E M



 
   
   . 
Here it is seen that the recoil spectrum is strongly weighted towards low energies by the term
21/ T . The hard-sphere potential and Coulomb potential are two extremes in the consideration of 
ion-atom interactions, and the calculation of cross sections in more realistic cases should lie in 
between. 
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In most of the ion implanters and accelerators in the field of materials science and radiation 
damage study, heavy (M1 ~ 10
2) slow (E ~ keV to low MeV) ions are generated to interact with 
target materials. These ions pass by the target nuclei at greater distances, therefore the electrons 
screen the nuclei, yielding a repulsive potential where the Coulomb potential is multiplied a 
screening function: 
2
1 2
0
1
( ) ( / )
4
Z Z e
V r r a
r



 , 
where ( ) 1r  when 0r  . Assuming the screening function takes a power-law format, 
1( ) ( )ss
kr a
a s r
 
, 
and assuming low angle scattering dominant, ( , )iE T can be expressed as  
2
2
2 11 1 2
2 0
2
( , )
2 4
mm
m m
i m i
M Z Z e
E T a E T
M a

 

       
    , 1/m s . 
Different best fits for the parameters m and m  are obtained for different energy regimes: 
m  m  
  
1/3 1.309 <0.2 
1/2 0.327 0.08< ε <2 
1 0.5 >10 
 
ε is defined as the reduced energy, and if applying the Thomas-Fermi model,  
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0 02
2/3 2/3 1/2 2
1 2 1 2 1 2
0.8853 4
( )
iTF
c
a Ea M
d Z Z M M Z Z e

  
 
, 
where 
0 0.529  Aa  , which is the Bohr radius.   is also a representation of how close the ion can 
approach to the nuclei since it is the ratio of the Thomas-Fermi screening distance ( TFa ) to the 
minimum collision distance ( Cd ). When  is very large (>10), the interaction between the ion and 
the nuclei is essentially Coulomb, thus s=1/m=1, 1  and 2 1( , )i iE T T E
  , which recovers the 
Rutherford scattering. 
The next step in solving for the displacement cross section ( )D iE using Eq. (2) is to determine 
the second term in the integrand ( ( )T ). ( )T is the number of atom displacements resulting from 
a PKA atom of energy T. When a lattice atom has an energy T greater than the displacement energy
dE , the atom will move out of the potential well, creating a vacancy site and an interstitial atom 
in the simplest case. Different models have been developed to describe the average number of 
displaced atoms by the PKA of energy T; a widely adopted one is the modified Kinchin-Pease 
model, 
0                      (for 0 )
( ) 1               (for 2.5 )
0.8 /           (for 2.5 )
d
d d
D d d
E E
v T E E E
E E E E
 

  
   , 
where DE  is the damage energy, which is the amount of PKA energy not lost to electronic 
excitation (or alternatively, the energy loss through nuclear collisions). Assuming the Norgett, 
Robinson and Torrens (NRT) model,  
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1 ( )
D
T
E
kg 

 , 
where k  and g  are parameters related to the elements and reduced energy . 
If the PKA energy T is sufficiently high, after the initial collision the sequence continues, 
resulting a series of tertiary knock-ons which is known as a collision cascade event. Some of the 
secondary and tertiary knock-ons may also have sufficient energy to form sub-cascades. If the 
incident ion is heavy and energetic enough, and if the target material is dense, the collisions may 
occur so near each other that they cannot be treated as independent defect production events, and 
the process becomes a complicated process of many-body interactions between hundreds to tens 
of thousands of atoms. In that case, it can be treated as intense heat deposited into a small region, 
which temporarily melts the material locally, i.e. a thermal spike. The excessive energy will 
eventually be dissipated as lattice vibrations, and the melted region will start to solidify from the 
boundary towards the center. The size of the local melt can be estimated as 
1/3
0 03
4
melt
B m
E
r
k T
 
  
 
 and 
the lifetime of the melt is
2/3
031
4 4th p m
E
t
D c T
 
    
 
. Typically for metals meltr  is around 10nm and t
is on the order of 10-13 s.  
When the thermal spike is quenched, recrystallization starts from the edge and proceeds to the 
center, and in the end the center of the region is typically enriched in vacancies and the edge is 
enriched in interstitials. Depending on the population and distribution of those defects as well as 
the microstructure of the material, the defects will either recombine with the opposite species, or 
form defect clusters, or they will be trapped temporarily or annhilate at sinks. Chemical rate theory 
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is often used to study the concentration evolution of defect species [9, 10]. If just considering 
recombination and annihilation, the defect concentrations change with time as [10]: 
0
d
d
V
iv i v vs v s
C
K K C C K C C
t
  
, 
0
d
d
i
iv i v is i s
C
K K C C K C C
t
  
, 
where i and v denote interstitials and vacancies, respectively, and s denotes sinks. K0 is the defect 
production rate under irradiation; Kiv, Kvs, Kis are the rate coefficients for the reactions indicated 
by the suffix combinations. The sink concentrations for v and i are taken equal. The above two 
equations are valid in the absence of localized sinks. If it is not the case, then the spatial uniformity 
is broken and there is a net flow of mobile point defects towards the closest sinks. The rate 
equations, now including a local diffusion term, can be written as: 
0
d
d
V
iv i v vs v s v v
C
K K C C K C C D C
t
     , 
0
d
d
i
iv i v is i s i i
C
K K C C K C C D C
t
    
. 
In the above four equations, K0 is to be taken as the production rate of sufficiently widely 
separated defects, i.e. defects that do not have a particularly high chance to recombine because of 
their proximity. The reaction coefficients Kiv, Kvs, Kis can be calculated using: 
4 ( ) /  ,iv iv i vK r D D    
4 /  ,vs vs vK r D   
4 /  ,is is iK r D   
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where Ω is the atomic volume and D  are the diffusion coefficients. The recombination radius ivr  
is on the order of two times the lattice constant. The annihilation radii vsr  and isr  depend on the 
type of sink; for spherical particles as sinks they are the radius of the particles, to the first order 
approximation [11, 12]. 
Basic solutions to the rate equations can be found in Ref. [10]. Qualitatively speaking, at the 
beginning of irradiation both vacancies and interstitials are building up their concentrations. Then, 
depending on the temperature and sink density, the reactions are either dominated by 
recombination or annihilation at sinks. Since interstitials diffuse usually much faster than 
vacancies, they annihilate on the sinks first, and thus the instantaneous interstitial concentration of 
interstitials is much lower than that of vacancies, normally negligible.  
Steady state defect concentrations can be obtained by solving the rate equations after setting 
/ 0VC t    and / 0iC t   . For a homogeneously irradiated foil, if all the sinks are considered 
inexhaustible, the concentration approaches the thermal equilibrium value near the two surfaces 
and increases rapidly as going towards the center of the foil. The concentration profile depends 
strongly on the foil thickness, especially when the foil is very thin. These steady state 
concentrations can be used to estimate radiation enhanced diffusion, DRED in irradiated alloys, as 
DRED plays an important role in determining the domain of stability of compositional patterning.  
For alloys, another important phenomenon of concern during irradiation is the ion beam mixing. 
Two mechanisms accounts for the mixing, namely the recoil mixing and the cascade mixing. In 
the recoil mixing, one atom receives a large amount of kinetic energy in a single collision event 
and recoils far from the initial location, creating mixing. In the cascade mixing, multiple atoms are 
displaced by a single recoil, forming a collision cascade, and they undergo many uncorrelated low-
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energy displacement and relocation events which lead to mixing. Those processes are shown 
schematically in Figure 2.1. 
 
Figure 2.1. Schematic diagram showing the ion-solid interactions. Adapted from [2]. 
 In heavy ion irradiation The mixing rates can be characterized by the effective mixing 
parameter (MP), typically defined as [13]: 
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where effD  is the effective mixing interdiffusivity, t  is the irradiation time,   is the ion fluence, 
and DF  is the deposited nuclear energy per ion per unit depth. It has the unit of 
o
A 5/eV. In heavy 
ion irradiation the cascade mixing is the dominant mixing mechanism. Molecular Dynamics 
simulations have shown that, in pure metals the overall movement of atoms in a collision cascade 
is isotropic, which gives rise to an atomic redistribution that can be modeled as a random walk of 
step size that is defined by the mean range of an atom with energy near the displacement energy 
dE . Under this model, and also taking into account the effect of heat of mixing, an expression of 
the mixing parameter is obtained as [14][any thermodynamics textbook]: 
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 , 
where 2r  is the mean square range of the displaced target atoms, a typical value of which is 
2.5 nm2; N is the atomic density; mixH  is the heat of mixing of two elements. Studies also show 
that the mixing parameter is a dependent on cohesive energy. It is worth noting that a recent study 
show that the radiation induced mixing between metals of low solid solubility occurs primarily by 
liquid phase interdiffusion in thermal spikes rather than by ballistic displacements [15].  
Results from those atomic-level interactions are the physical and mechanical effects of radiation 
damage, including radiation-induced segragation [16], irradiation-induced voids and bubbles [17-
23], radiation-induced phase transformation [24-28], irradiation-assisted stress corrosion and 
cracking [29-31], irradiation-induced creep [21, 22, 31-33], etc.. The interest of this thesis work is 
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the radiation-induced phase transformations, including precipitation, resolution and formation of 
intermetallic phases. Specific background knowledges on those topics will be detailed in 
subsequent chapters. 
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CHAPTER 3  
EXPERIMENTAL TECHNIQUES AND SIMULATION METHODS 
3.1 Sample growth 
Dilute Cu-based alloys were grown with an AJA magnetron sputtering system, which was 
equipped with three sources to allow for co-sputtering. The base pressure for growth was normally 
between 82 10  and 84 10  torr, and the Ar pressure during growth was always 32.1 10  torr. 
The purity of the targets were 4N or 5N. The sputtering rate of each target was calibrated regularly, 
using a combination of techniques including RBS, SEM and TEM to guarantee the accuracy of 
measurements. Each sample grown would be checked with RBS for compositional and thickness 
information. Typical thicknesses fell within the range of 100 nm-300 nm. 
Two types of substrates were used. In the study of microstructural evolution of nanocrystalline 
materials, Si substrate with 1 μm  amorphous SiO2 on the surface was used to obtain nano-sized 
grains with nearly random in-plane orientations (along the thickness directions the grains tended 
to be columnar, often with lots of twinning). Prior to loading, the substrates were ultrasonically 
cleaned with acetone and then isopropanol alcohol for 10 min each, then blown dry with 
compressed air. In the study of sink/trap efficiency, single crystal MgO (100) substrate was used 
to obtain epitaxial Cu-based dilute alloy films. Due to the sensitivity of MgO to moisture, 
substrates would be loaded to the load lock immediately after acetone and IPA cleaning, and after 
transfer to the main chamber they would be dehydrated at 400 oC for 1 hour (or 300 oC for 1 hour 
in some cases), and cooled down to room temperature, ready for sputtering. 
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3.2 Ion irradiation 
The ion beam was generated by a 3 MeV Van de Graaff accelerator. The radio frequency ion 
source can create beams of any gas, although inert gases are employed in this study. A switching 
magnet was used to distinguish desired ions from others by mass. The beam is electrostatically 
rastered using deflectors to ensure uniform irradiation over the sample surface. 
The samples were placed nearly perpendicular to the incident beam. The vacuum level at room 
temperature was around 83 10  torr, and for experiments done at high temperatures the base 
pressure could be not as good, but with the help of liquid nitrogen cooling a pressure lower than 
75 10  torr was always achieved. The beam passed through an aperture of selected size before 
entering the irradiation chamber. A Faraday cup, which could be moved to be just in front of the 
sample, was used to measure the total current that would irradiate the sample. A laser was 
pre-aligned with the beam, which was used to align the sample with the beam before irradiation 
started. 
Most of the irradiation experiments were performed with 1.8 MeV Kr+. The damage profile 
created by those ions interacting with an 800 nm Cu film is shown in Figure 3.1, together with the 
ion range. It is seen that by limiting the film thickness to be below 300 nm a roughly uniform 
damage profile is obtained while having most of the ions out of the film.  
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Figure 3.1. (a) The damage profile along the thickness direction; (b) The stopping range of ions. 
Calculated using SRIM software. 
3.3 Characterization techniques 
The microstructural characterization techniques mainly include RBS, XRD, SEM, TEM, STEM 
and EDS coupled with SEM or STEM. In some cases, the hardness of samples was measured using 
an Agilent G200 Nanoindenter. 
3.3.1 Rutherford Backscattering Spectrometry (RBS) 
The Rutherford Backscattering Spectrometry was utilized to check the concentration depth 
profile of thin film samples composed of intermediate or high Z elements. The measurement was 
performed with the same Van de Graaff accelerator as used for ion irradiation, but the beam line 
was deflected to a second working station. A 2 MeV He+ beam was used, passing through a 1 mm 
circular aperture. The incident beam was at 22.5o relative to the sample plane normal, and the 
detector was placed 30o from the beam, but on the opposite side of the sample normal. Therefore, 
the scattering angle of the He ions was 150o. The profiles obtained contained information of the 
element type and the location of the element, and were fitted using a commercial software called 
(a) (b) 
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SIMNRA. In general a good fitting can give the thickness information within 10% error, and 
composition information within 0.5 at.% error. 
3.3.2 X-ray Diffraction (XRD) 
X-ray diffraction was employed to explore the crystallinity of the samples before using destructive 
techniques such as TEM. For the interest of the present work, information on the average size of a 
phase domain and the solubility of an element in a phase would be typically acquired. These results 
are expected to be statistically significant since the volume sampled by X-ray is macroscopic while 
the domains are nanosized. According to Guinier [1] and Klug & Alexander [2], mean crystallite 
sizes derived from peak breadths at half-maximum heights or integral breadths (based on Sherrer 
equation) are average values weighted by domain volumes, not by numbers of domains. Due to 
the presence of strain, texture, special distributions and finite instrument resolutions, the average 
sizes obtained from XRD always show some inconsistency with TEM/STEM measurements; for 
this reason, in this thesis work when referring to “average sizes” only statistics obtained from 
TEM/STEM study are used. The solubility can be obtained by measuring the shift of Bragg 
reflections with respect to diffraction angles of pure phases and experimental or simulation data 
relating composition to lattice parameters, e.g., Linde’s table for Cu-Ag [3] and molecular statics 
for Cu-Nb [4]. When this information is not available, Vegard’s law [5, 6] can be used as a first 
order approximation for alloys with zero to moderate heats of mixing. It should be noticed that in 
that case, the different phases should have the same crystal structure. The presence of biaxial strain 
also adds error in the solubility data. Despite of those inaccuracies, XRD provides useful data to 
first evaluate the evolution of microstructures after treatment, and judgment can be made based on 
this information to further refine the characterization or toward further experiment design at 
minimum cost. 
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In this study, XRD measurements were performed with a Philips X’Pert Materials Research 
Diffractometer system. Cu-Kα emission was used and the optical configuration was Point- Parallel 
Plate. General 2θ-ω scans were performed. In front of the detector a receiving slit with a width of 
0.1 mm was placed, which resulted a resolution of 0.02o in 2θ. Prior to the measurement the peak 
position was corrected for any subtle misalignment during sample mounting by correlating the 
measured peak position of a strong deflection from the Si and MgO substrates with the documented 
position. The peak profiles were analyzed using MDI Jade software. 
3.3.3 (Scanning) Transmission Electron Microscopy (TEM/STEM) 
(Scanning) Transmission Electron Microscopy was employed as the major technique to 
examine the nanostructure of the samples. Instruments used were a JEOL 2010 LaB6 TEM, a 
JEOL 2010F EF-FEG TEM/STEM and a JEOL 2200FS STEM. All microscopes were operated at 
200 kV. The JEOL 2200FS STEM had a Cs-corrector, which reduced the spherical aberration 
down to 0.5 mm and improved the HAADF resolution to 0.1 nm. Bright-field (BF) TEM image, 
diffraction pattern (DP), dark-field (DF) TEM image and high-angle-annular-dark-field (HAADF) 
STEM image were taken regularly on almost every sample investigated to provide comprehensive 
information about crystallography and morphology of grains, precipitates and defects. Most 
samples investigated were polycrystalline with grain sizes ranging from 20-300 nm, which made 
it relatively easy to find grains of desired orientation without having to tilt the samples.  
Both plane-view and cross-section samples were analyzed. In general cross-section samples 
provided more information about grain structure along the film-thickness direction (twinning is 
the most significant feature), but gave much less area to study compared to plane-view samples. 
Since grain structure is not the focus of this thesis, most samples were then prepared to be 
plane-view. Samples were prepared using traditional mechanical polishing method, involving 
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hand-polishing the samples down to about 50 μm by first using 600-grit sand papers and then 
lapping films from 15 μm all the way down to 1 μm; next the samples were ion-milled using a 
Gatan Precision-Ion-Polishing-System (PIPS) equipment with an ion energy of 4-5 keV until the 
formation of the hole, and then reducing the ion energy to below 1 keV for final polishing for about 
10 min to remove ion-damaged layers and minimize surface roughness. Liquid N2 cooling was 
always used whenever possible. If samples were to be investigated some time later, cleaning in 
PIPS with less than 1 keV ion energy for 10 min was always performed right before loading the 
sample into the microscope to remove possible adsorbed species and surface oxides. 
In addition to imaging techniques, chemical analysis was systematically performed to give 
further information to relate composition and phase structure. Since the elements in the samples 
are heavy, EDS was the primary technique used.  
Precipitate sizes were measured from multiple TEM/STEM images, using hundreds of 
precipitates, in order to achieve good statistical significance. The open-source software ImageJ 
was used to circle out the individual precipitates and measure the area of projection. The diameters 
were then calculated by treating the precipitates as spheres. 
The average grain size was obtained from TEM measurements of the mean intercept length l
[7],
L
l
N
 , where L is the total length of the line drawn and N is the total number of the grain 
boundary intercepts. The average grain size is related to l by a proportionality constant K , which 
is taken to be 1.39 for spherical grains [7]. 
3.3.4 Scanning Electron Microscopy (SEM) 
Scanning Electron Microscopy was employed to check the surface condition of the films after 
growth and various treatments. A JEOL 7000F SEM was used under 15 kV beam voltage. Since 
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multiple processes during high temperature annealing/irradiation could lead to significant damage 
to the sample integrity, such as surface segregation, sputtering and evaporation, checking of 
surface condition under SEM was performed regularly, and EDS would be used to perform 
chemical analysis on areas of interest.  
3.4 In-situ electrical resistance measurement 
The in-situ electrical resistance of thin films was measured using the four-point method. All 
samples requiring the same temperature and irradiation conditions were deposited onto a single 
piece of substrate, and the aperture in the beam line was selected so that all samples could be 
irradiated at once. Two sets of masks were made for this purpose. The first set, as shown in Figure 
3.2 (a), was for depositing the lead pads (the 0.9-mm squares) as well as some conducting segments 
between samples. The second set, as shown in Figure 3.2 (b), was mainly for depositing samples. 
Up to five different samples could be made on one piece of substrate, as illustrated in the drawing. 
Each sample had an area of 0.4 mm × 2 mm, and with a thickness of a few hundred nanometers 
the resistance would be on the order of a few ohms. Overlapping the two mask patterns gave the 
complete pattern, as shown in Figure 3.2 (c). After the deposition of whole pattern the substrate 
would be glued onto a leaded chip carrier (www.spectrum-semi.com). Au ball bonding was used 
to connect the lead pads of the pattern to the lead pads of the carrier. For in-situ resistance 
measurement the carrier was mounted on a specially designed sample stage, and then fine Cu wires 
were used to connect the chip leads to other components in the circuit. The description above is 
illustrated in Figure 3.3. As shown in Figure 3.3 (b) and referring to the label in Figure 3.2 (c), 
current entered through pad 1, passed through samples 4, 3, 2, 5 to pad 2, and went to sample 1 
through pad 14, and finally exited through pad 11. The voltage on sample 1 was measured using 
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pads 13/12 and for samples 2, 3, 4 and 5 the voltages were measured using pads 6/5, 8/7, 10/9 and 
4/3, respectively. The area marked by the grey lines in Figure 3.3 indicated the size of the beam. 
  
Figure 3.2. Mask patterns: (a) For deposition of lead pads. (b) For deposition of samples. (c) The 
complete pattern by overlapping (a) and (b). The sizes in the patterns have units of mm. 
  
Figure 3.3. (a) A sample on the loading stage, with the chip leads connected to other parts of the 
circuit by fine Cu wires. (b) Schematic drawing showing the connection between the sample 
pattern and the chip lead pads. 
The patterns were magnetron-sputtered on either MgO (100) or oxidized Si substrates. Samples 
were grown before the pads. Kapton® tape was used to apply the masks to the substrates as well 
(a) (b) (c) 
(a) 
(b) 
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as to hold the substrates down to the loading stage. When depositing one sample, the other 
openings on the mask were also covered also by Kapton® tape. After sample growth the other set 
of mask for lead pad deposition was aligned with the sample pattern and taped down to the 
substrates. In order to make reliable Au ball bonds, a layered structure of Ti-15nm/Cu-500nm/Au-
200nm was used for the lead pads. 
The current running through samples was provided with an external power supply. A 50Ω 
standard resistor was in parallel with those samples, and by constantly measuring the voltage drop 
across it, the current could be obtained in-situ. The current was on the order of tens of micro 
Amperes and the current heating was negligible.  
All the measurements were carried out by a Keithley 2700 digital multimeter equipped with a 
Model 7700 plug-in module, which offers 20 channels of 2-pole or 10 channels of 4-pole 
multiplexer switching that can be programmed as needed. Thermocouple temperature 
measurement was also integrated. The instrument had a 61/2-digit (22bit) resolution. Automatic 
data logging was done by the 2700 XLINX software provided by the manufacturer. Measurement 
interval was 3 seconds. 
3.5 Kinetic Monte Carlo simulation 
A simple kinetic Monte Carlo (KMC) model was used to investigate the precipitation pathways 
in immiscible ternary alloy systems as observed experimentally for Cu-Nb-W ternary alloys. This 
model is an extension of one previously developed for binary alloys [8]. We considered here an 
A-B-C ternary alloy on a rigid lattice with a face-centered-cubic (fcc) structure. The simulation 
box, built using the rhombohedral primitive cell of the fcc lattice, contained  lattice 
sites and employed periodic boundary conditions. Atomic interactions were modeled using 
 64 64 64
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pairwise interaction energies, , with i,j = A,B,C, with the interactions restricted to first nearest 
neighbors. The equilibrium phase diagram is fully determined by specifying three ordering 
energies, AB , BC , CA , defined as . In alloy systems forming coherent 
precipitates with negligible lattice mismatch with the matrix, it is possible to parametrize 
accurately these pairwise interaction energies, in particular using input data from ab initio 
calculations, as demonstrated by Mao et al. in the Ni-Al-Cr system [9]. In the present case our goal 
was not to achieve an accurate parameterization of the Cu-Nb-W system, which would be in fact 
quite problematic because of the coexistence of fcc and bcc phases, but to capture the 
thermodynamic and kinetic features that play a key role in precipitation. In order to mimic the 
thermodynamic interactions of the Cu-Nb system, the A-B system was given an ordering energy, 
, which yields a heat of mixing of 8 kJ/mol for the equiatomic composition, and 
a binary miscibility gap with critical temperature Tc = 1573 K [10]. The A-C system was made 
highly immiscible, with , to reflect the higher immiscibility of W in Cu 
compared to Nb in Cu. The C-C interaction, moreover, was set ≈ 10 % stronger than the B-B 
attraction to reflect the higher cohesive energy of W (-8.9 eV) than Nb (-7.57 eV). The W-Nb 
phase diagram, of which only the high temperature region is experimentally known, indicates that 
Nb and W form a solid solution, so we assumed that Nb and W form an ideal solid solution, 
BC 0 . Some semi-empirical simulations suggest that the heat of mixing may be small and 
negative for this system, see Reference [11].  
Atomic transport took place by vacancy-atom exchanges. For this purpose, a single vacancy 
was introduced into the simulation cell, thus resulting in a vacancy concentration of
ij
 ij  2 ij   ii   jj
AB 0.0553 eV
AC  3AB 0.1659 eV
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. The activation energy for the vacancy to exchange with an X atom first 
nearest neighbor (with X = A, B, or C) was calculated using a broken bond model 
 
where the summations were performed over the p and q atoms that are nearest neighbors of V and 
X, respectively, and YYn  and XYn were the number of nearest neighbors of type Y around the sites 
occupied by the vacancy and the X atom, respectively. Note that effective atom-vacancy 
interactions were used, so as to distinguish the vacancy formation energy from the cohesive energy 
in the pure metals; details can be found in Reference [8, 12]. In the above equation represents 
the contribution of the jumping atom X to the overall saddle point energy. Different values for  
were used for the different elements resulting in a slower diffusion of the C solute, mimicking the 
slow diffusion of W in Cu. These saddle point energies were deduced from the vacancy migration 
energies in the A, B, C pure elements. For simplicity, we considered these energies to be 
and , thus resulting in a much slower diffusion of C atoms 
compared to A and B atoms. Values of parameters used in the simulation are provided in Table 1. 
The kinetic evolution of the simulation cell was generated using a residence time algorithm to 
move the vacancy from site to site [8, 13]. The pre-exponential factor for the vacancy jump 
frequency was set to 1014 s-1. The KMC time, tKMC, was scaled to correct for the arbitrarily imposed 
vacancy concentration. Owing to the possible trapping of the vacancy on solute atoms and solute 
clusters, the vacancy concentration in the pure A-matrix  was monitored during the 
simulations, and the rescaled time was given by [14] 
 
C
V
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Precipitation kinetics was analyzed by counting clusters of solute atoms. A cluster was defined 
by a set of B and C solute atoms connected by at least one first nearest neighbor bond. Due to the 
very low solubility of A in pure B and C, we ignored the possible inclusion of A atoms in these 
solute clusters. The average precipitate size  refers to the volume-averaged size, i.e., 
 
where  is the size of precipitate i,  is the total number of atoms in all precipitates, i.e. 
, and  is the total number of precipitates.  
Table 3.1. Thermokinetic parameters used in the KMC simulations; see text for definition. 
AA  
(meV) 
AV  
(meV) 
BB  
(meV) 
BV  
(meV) 
CC  
(meV) 
CV  
(meV) 
AB  
(meV) 
AC  
(meV) 
BC  
(meV) 
S
AE  
(eV) 
S
BE  
(eV) 
-723 -255 -723 -255 -783 -285 -696 -670 -753 -
10.217 
-
10.217 
 
The KMC code used did not have the capacity to simulate the irradiation process. As a result, 
in the investigation of the trapping of Nb at high temperatures by the W clusters formed during 
room temperature irradiation, the clusters were generated in a separate subroutine and were 
introduced into the system at the beginning of the annealing process. Two structures were 
constructed to compare their trapping efficiencies: ramified clusters were built using a modified 
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Diffusion-Limited Aggregation (DLA) algorithm so as to model the W clusters in experiments, 
and spherical clusters, which would be expected to form during annealing at sufficiently high 
temperatures.  
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CHAPTER 4  
MICROSTRUCTURAL STABILITY IN NANOSTRUCTURED CU-NB-W SYSTEMS 
4.1 Introduction and background knowledge 
As mentioned in Chapter 1, a key to developing radiation resistant materials for advanced 
nuclear systems is providing high densities of internal, unbiased sinks and traps for irradiation-
induced defects, and these sinks and traps need to be stable during prolonged irradiation, 
particularly at very high temperatures. Two very different approaches utilizing the irradiation 
process itself to stabilize these types of microstructure have been proposed to date, and both have 
been validated on several Cu-base binary immiscible alloy systems. In the first approach, one takes 
advantage of the compositional patterning, resulting from the competition between thermally 
activated decomposition and ballistic mixing to obtain nanostructures that are, by design, 
dynamically stable under irradiation [1-5]. This approach, however, is limited to moderately 
immiscible alloys, such as Cu-Ag, Cu-Fe [5], and Cu-Co [6], and the resulting nanostructures are 
only stable in presence of irradiation and at not too high of temperatures, T < 600 ˚C.  Their 
advantage is that their microstructures represent steady states and thus they are stable against 
damage during prolonged irradiation.  In the second approach, low-temperature irradiation is used 
to induce the precipitation of refractory elements. This approach employs alloying elements that 
are immiscible in the solid as well as in the liquid state, for instance Mo or W in a Cu matrix. 
Thermal spikes induce the local melting of the Cu matrix, and precipitation of the refractory 
elements takes place by diffusion and aggregation in this quasi-liquid phase. The resulting 
nanoprecipitates grow with the irradiation dose until their sizes approach the cascade dimensions, 
at which point they become immobile and their size saturates. It has been shown that this second 
approach can produce nanostructures with remarkable resistance to thermal coarsening, up to 85% 
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the melting temperature of the Cu matrix, owing to the very low solubilities and diffusivities of 
the precipitated refractory elements [7]. In order to retain small grain sizes or to obtain a high 
number density of precipitates, this approach requires alloys with enormously high degrees of 
supersaturation at the outset. However, because of the extreme immiscibility of Mo and W in Cu, 
it is difficult to incorporate these refractory metals into Cu at levels of more than a few percent, 
even by high-energy methods such as ball milling. In the present work, we have explored the 
possibility of gaining far greater flexibility in the production of radiation resistant materials by 
using only small amounts of Mo or W to stabilize the microstructure of Cu, and then adding a third 
element to add functionality. In this first investigation using ternary alloys for this purpose, we 
have examined the stability of Cu-Nb-W alloys. Nb was selected for this study since Cu/Nb 
interfaces have been shown to provide efficient sinks for point defects in Cu as well as traps for 
He gas [8-10]. Previous work had shown, on the other hand, that Nb precipitates in binary Cu-Nb 
alloys undergo extensive coarsening above  400 C [5]. We investigate here whether this 
coarsening can be suppressed by a small addition of the more refractory element W.   
Suppression of precipitate coarsening by addition of a second solute has indeed been observed 
in other alloy systems. For example, in Al-Sc-Zr [11, 12], Clouet et al. [13] showed that the slower 
diffusivity of Zr compared to Sc in the Al matrix leads to the formation of core-shell Al3(ScxZr1-x) 
precipitates, which contribute to higher resistance to coarsening compared to that of Al3Sc 
precipitates. . In the first part of the study on Cu-Nb-W, in Section 4.2, we will show that by adding 
just 1.5 at% of W to a Cu90Nb10 alloy, the microstructure of the alloy is stabilized to temperatures 
exceeding 0.8Tm, with or without irradiation. Several interesting phenomena are observed in such 
systems: 1) the precipitate size reaches a maximum during annealing at 750 C, and decreases at 
higher temperatures; 2) The precipitate size distribution is bimodal; 3) Small precipitates are richer 
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in W than larger ones; 4) Large precipitates (~20 nm) have Nb-rich core/ W-rich shell structure. 
To rationalize these observations, Kinetic Monte Carlo simulations are performed on 
representative ternary alloy systems, using the method detailed in Chapter 3. 
In the second part of the study on Cu-Nb-W, in Section 4.3, we propose and evaluate a novel 
combination of processing steps, using low-temperature ion irradiation to first induce the selective 
precipitation of one of the refractory solute atoms, W in the present case. These precipitates, as we 
will show, then become remarkably efficient trapping sites for other solute species (Nb) during 
subsequent thermal annealing. This novel approach leads to the synthesis of nanostructures that 
are essentially kinetically frozen, displaying virtually no coarsening even at substantially elevated 
temperatures. In this work, the approach is evaluated experimentally on Cu88.5Nb10W1.5 alloys, 
thus offering a direct contrast with results from the first part of the study, which simply anneals 
(irradiates) the initially homogeneous alloy at elevated temperatures. Similar to the first part, we 
employ KMC simulations to model this two-step precipitation process and provide a more detailed 
understanding of why the trapping efficiency of those W clusters is so high and why coarsening 
resistance is so strong.  
4.2 Microstructural stability of nanostructured Cu-Nb-W alloys during high-temperature 
annealing and irradiation 
4.2.1 Experimental results 
X-ray diffraction data shown in Figure 4.1 illustrate the strong effect of W additions on 
coarsening in Cu alloys. Cu-Nb, Cu-W, and Cu-Nb-W alloys were all annealed for ≈ 1104 s at ≈ 
600 ˚C. Nb in the binary Cu90Nb10 alloy shows extensive precipitation. Notice that the lattice 
parameter of the Cu-rich phase attains the value expected for pure Cu, while the Nb peak is slightly 
shifted to larger diffraction angles. W in the Cu-W alloy, on the other hand, shows only weak 
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precipitation and the lattice parameter of Cu is dramatically shifted to smaller Bragg angles. The 
precipitate peak in the ternary alloy indicates that the Nb precipitates are not pure but contain W 
or possibly Cu. In addition, the precipitate size in the ternary alloy appears to be much smaller than 
that in the Cu-Nb binary alloy. 
 
Figure 4.1. X-ray diffraction spectra from Cu90Nb10, Cu90W10, and Cu89Nb9.5W1.5 annealed at ≈ 
600˚C for 1x104 s. Dashed lines correspond to (110) Bragg peak position for pure Nb and W, and 
to (111) peak for pure Cu (color online). 
The results for precipitate coarsening and grain growth during thermal annealing at high 
temperatures are shown in Figure 4.2 for a series of Cu-Nb-W alloys. As seen in Figure 4.2 (a), 
Nb and W begin to precipitate at ≈ 300 ˚C and ≈ 600 ˚C, respectively. Following this precipitation 
stage, the W precipitate size remains nearly constant, until the annealing temperature is raised an 
additional 300 C (0.85Tm), while Nb precipitates grow rapidly above 400 ˚C. If we assume that 
the nucleation barrier for precipitation is negligible owing to the very large solute supersaturation, 
the bulk diffusion coefficient required for precipitation can be roughly estimated by calculating 
the time required for the solute atoms to reach the grain boundaries (note that precipitation takes 
place both homogeneously and heterogeneously, see below). Using a sink strength of 3 2 / L2  for 
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point defect elimination on grain boundaries, where L is the average grain diameter, 
the characteristic time for solute diffusion to grain boundaries is , so our 
observations of onset of precipitation for times of the order of ~ 104 s for L ~ 30 nm yield a solute 
diffusion coefficient D ~ 3 x 10-17 cm2-s-1. The diffusion coefficient of Nb in Cu reaches this value 
at  400 C [14]. The diffusion coefficient of W in Cu is not available in the literature; however, 
if we assume that it is similar to those in such refractory solutes as Ir and Ru [14], then we would 
expect W to begin precipitating at ~ 550 C. These estimates are thus in good agreement with our 
experimental findings. 
The coarsening behaviors of Cu89Nb9.5W1.5 and Cu86Nb10W4 are intermediate to Cu90Nb10 and 
Cu90W10. Both alloys show precipitation by ≈ 500 ˚C, however, the sizes of the precipitates are 
very significantly reduced compared to those in Cu90Nb10. The precipitates continue to grow in 
both alloys until ≈ 700 ˚C, at which point they begin to show an apparent inverse coarsening 
behavior, i.e., the precipitate sizes decrease with further increasing the annealing temperature. By 
≈ 850 ˚ C, the precipitate sizes in these alloys approach those observed in Cu90W10. It is remarkable 
that an addition of only ~ 1 at.% W to a Cu-Nb alloy suppresses precipitate coarsening up to ~ 
0.82 Tm. Figure 4.2 (b) shows that the grain size in the Cu matrix is extremely stable for all of the 
alloys during annealing, remaining ~ 30 nm. For Cu90Nb10, the precipitate size, in fact, becomes 
as large as, or even larger than, the grain size. 
  L2 / 32D
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Figure 4.2. (a) Precipitate size versus temperature after thermal annealing in Cu-Nb, Cu-W, and 
Cu-Nb-W alloys. (b) Grain size versus temperature after thermal annealing at high temperature in 
Cu-Nb, Cu-W, and Cu-Nb-W alloys (color online). 
Bright field TEM images of the Cu89Nb9.5W1.5 alloys thermally annealed at 600 ˚C and 830 ˚C 
are shown in Figure 4.3 (a) and (b), respectively. The microstructures look quite similar, as might 
be expected from Figure 4.2. Good qualitative agreement between the particle sizes deduced from 
the TEM images and X-ray diffraction is obtained. Figure 4.3 (c) is an HAADF STEM image (so-
called “Z-contrast” image) of the sample annealed at 830 ˚C. These TEM/STEM images show that 
many small particles ranging from 1-5 nm in size are observed at all temperatures along with larger 
particles ~10-20 nm in size.  The ternary alloy thus displays a bimodal particle size distribution 
rather than a lognormal distribution, which is commonly observed in binary alloy systems. In order 
to quantify this observation, we performed statistical analysis on particle size distributions. We 
note that since precipitates are detected using diffraction contrast, the absolute number of 
precipitates cannot be determined, but the percentile size histogram, which is the quantity of 
interest here, can be accurately measured. Precipitate-matrix interfaces were outlined by hand, and 
ImageJ software was used to generate precipitate area histograms. The minimum precipitate size 
detectable with the present method is ≈ 2 nm. Those area histograms were converted to precipitate 
size histograms assuming spherical precipitates. More than 350 particles were measured at each 
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temperature. Figure 4.3 (d) displays the particle-diameter versus cumulative probability, with the 
axes scaled such that a lognormal distribution would give rise to a straight line. As seen on Figure 
4.3 (d), the precipitate size distributions do not fit well to a single lognormal distribution. A good 
fit could however be obtained using two lognormal distributions, one for small sizes and one for 
large sizes, with a transition at ~ 5 nm separating these two regimes. Similar behavior was observed 
in the atomistic simulations, which will be reported in Section 4.2.2. It is noteworthy that many of 
the large precipitates in the sample become faceted after annealing at 830 ˚C, even though they 
have not undergone additional growth above 600 ºC. The precipitates thus equilibrate locally with 
the Cu matrix, forming lower energy configurations, such as Nishiyama-Wasserman (N-W) or 
Kurdjumov-Sachs (K-S) interfaces, as shown in Figure 4.3 (e), but without undergoing significant 
additional coarsening. The TEM analysis also indicated that while some precipitates were located 
at grain boundaries, many precipitates, in particular the smaller ones, formed inside the matrix 
grains. 
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Figure 4.3. (a) Bright-field TEM image of Cu89Nb9.5W1.5 annealed at 600 °C. (b) Bright-field TEM 
image of Cu89Nb9.5W1.5 annealed at 830 °C. (c) HAADF STEM image of Cu89Nb9.5W1.5 annealed 
at 830 °C. (d) High-resolution TEM image showing the orientation relationship of a Nb-rich 
precipitate with the Cu matrix. (e) Precipitate size distribution v. cumulative probability for 
Cu89Nb9.5W1.5 annealed at 600 ˚C and 830 ˚C. Axes are scaled so that a lognormal distribution 
would produce a straight line (color online). 
(e) 
(c) (d) 
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We also observed a dependence of the composition of the precipitates on their size. The smaller 
precipitates, less than 5 nm in diameter, tend to be richer in W than the larger precipitates. Figure 
4.4 (a) shows a Z-contrast image of some of the small precipitates in the sample annealed at 830 ˚C, 
taken using the aberration-corrected STEM with a probe size of ≈ 1 Å. The crystallographic 
structure of these precipitates can be resolved, confirming that they are bcc. These smaller 
precipitates tend to be brighter than the larger ones, suggesting a difference in composition since 
the intensity in Z-contrast imaging scales approximately as the square of the average atomic 
number. Energy-dispersive spectroscopy (EDS) was employed to further investigate this point. As 
illustrated by Figure 4.4 (b), which is the EDS signal profile for precipitates of different sizes, 
normalized the Nb Lα peak, the smaller precipitates are indeed richer in W. Figure 4.5 quantifies 
the W concentration, CW/(CW+CNb), as a function of precipitate size.  A monotonic decrease is 
observed. 
 
Figure 4.4 (a) Z-contrast image of bcc precipitates in Cu89Nb9.5W1.5 annealed at 830 °C; the 
precipitate near the center of the image is at a {111} zone axis. (b) EDS spectra collected from 
precipitates of three different sizes, after background subtraction (color online) and normalization 
of Nb Lα peak intensity.  
(a) 
(b) 
39 
 
 
Figure 4.5. W concentration as a function of precipitate diameter. 
In addition to investigating the microstructural stability of these Cu-based ternary alloys during 
thermal annealing, we also studied their stability under high dose irradiation. Previously we had 
showed that irradiation of nanostructured Cu-based alloys has little effect on the microstructure 
above ≈ 450 ˚C; this is due to the sharp decrease in point-defect supersaturation in Cu above this 
temperature [5]. Figure 4.6 shows that this general finding is also true for the ternary alloys.  Here, 
the average precipitate and grain sizes of a series of Cu-Nb-W alloys are compared for samples 
irradiated with 1.8 MeV Kr ions at 500 ˚C with samples annealed at 500 ˚C, but not irradiated. The 
irradiation dose was ≈ 31016 cm-2, which corresponds to a damage level of ≈ 75 dpa. 
 
Figure 4.6. Particle and grain size in ternary Cu-Nb-W alloys as a function of the relative W 
concentration, after annealing (solid symbols) or irradiation (empty symbols) at ≈ 500 ˚C.  
(c) 
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Detailed microscopic examination in the large precipitates (10-20 nm) reveals a core/shell 
structure. Figure 4.7 (a) and (b) are HAADF images of two precipitates showing a darker 
core/brighter shell contrast, suggesting a core that is Nb-rich and a shell that is W-rich. Note that 
the shell of the precipitate shown in Figure 4.7 (a) appears composed of distinct W-rich clusters 
while that of the precipitate shown in Figure 4.7 (b) appears more uniform. In order to confirm 
these conclusions, the distributions of elements in these precipitates were analyzed by STEM-EDS.  
For instance, in Figure 4.7 (a) three different regions were selected for analysis, identified by 
rectangles 1, 2, and 3. The EDS spectra of these three regions are shown in Figure 4.7 (c), with 
intensity normalized to the Cu peak. Region 3, located in the matrix, contains little Nb or W; 
regions 1 and 2 contain both Nb and W, but region 2 (the bright clusters in the shell) contains 
higher concentrations of W than region1.  
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Figure 4.7. (a) A particle with a W-rich shell and a Nb-rich core. The shell is composed of 
discontinuous clusters. (b) A particle with the same core/shell structure but the shell is continuous; 
(c) EDS spectrum over the high-lighted regions in (a), normalizing the Cu K-peak. 
It was also observed that during prolonged annealing at high temperatures (T>600 ˚C) 
significant segregation of Nb occurred at the surface of 200 nm thick specimens. For example after 
annealing a Cu89Nb9.5W1.5, sample at 600 ˚C for 2 hours, Nb-rich surface layers developed, which 
were as thick as 8 nm.  These layers contained about 30% of the total Nb content. In order to 
minimize the effect of a changing Nb concentration during that study, thicker films (1.2 μm) were 
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used in this study. For these a loss of only ≈ 8% of the Nb was observed, even after annealing at 
830 ˚C. 
4.2.2 Atomistic simulation on precipitation in ternary immiscible alloys during high temperature 
annealing 
All simulation runs were initiated using a homogeneous A-B-C solid solution. These solutions 
were then annealed at temperatures ranging from 300 ˚C to 800 ˚C until significant precipitation 
had taken place, as illustrated in Figure 4.8. The average precipitate size  as a function of the 
rescaled time is plotted in Figure 4.9(a) for four different alloys, A90B10, A90C10, A89B10C1 and 
A86B10C4, annealed at 500 
oC. Initially, they all display exponential growth , with the factor 
varying from 0.59 for A90B10 to 0.12 for A90C10; for the ternary systems, , falls in between. 
The exponent for the A90B10 alloy is ≈ 0.5, which is expected in the coarsening regime when it is 
first controlled by coagulation, as should be the case for the parameters chosen in this study [15]. 
The kinetics for the A90C10 alloy is so slow that the coarsening regime has not been reached. 
Precipitate growth in the two ternary alloys proceeds initially at a rate similar to the one in the 
A90B10 alloy, but then, quite remarkably, the average precipitate size reaches a maximum value, 
and then decreases thereafter. The larger the concentration of C atoms, moreover, the earlier is the 
onset of this apparent inverse coarsening. Figure 4.9(b) displays the average precipitate size  as 
a function of the rescaled time for A89B10C1 annealed at various temperatures. The exponents  
at early times are ~ 0.5 for all temperatures. We note, however, that for all temperatures except 
300 ˚C, the average precipitate size reaches a maximum and then decreases (simulations at 300 ˚C 
are presumably too short to capture this effect). Furthermore, the higher the annealing temperature, 
the smaller is the precipitate size at the maximum. Figure 4.9 (c) displays the linear precipitate size 
as a function of temperature for the two binary alloys and the ternary alloy, A89B10C1. The 
n
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annealing time was t = 5000 s in each case.  The precipitate size for the ternary alloy is seen to go 
through a maximum before decreasing at higher temperatures. Figure 4.8 and Figure 4.9 present 
results from one typical KMC run for each set of simulation parameters; using averages over 
several runs smears the maximum, as the time for precipitate size saturation varies from run to run. 
The characteristic behaviors observed in Figure 4.8 and Figure 4.9, however, are observed in other 
runs performed at the same temperatures. KMC simulations, with suitable thermodynamic and 
kinetic parameters, thus reproduce the remarkable behavior observed experimentally in Cu-Nb-W 
alloys reported in Figure 4.2 (a). 
 
Figure 4.8. Typical microstructures at the end of the simulations for A89B10C1 alloy annealed at (a) 
500 ˚C, (b) 800 ˚C. B and C atoms are displayed as dark gray (blue online) and light gray (yellow 
online) spheres, respectively and A atoms are omitted (color online). 
(a) (b) 
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Figure 4.9. Average precipitate volume (a) as a function of rescaled time for four different alloys, 
A90B10, A90C10, A89B10C1, A86B10C4 annealed at T = 500 ˚C; (b) as a function of rescaled time for 
A89B10C1 annealed at five different temperatures, 300 ˚ C, 400 ˚ C, 500 ˚ C, 600 ˚ C, 800 ˚ C; (c) linear 
precipitate size as a function of annealing temperature for A90B10, A90C10, A89B10C1 annealed for 
t=5000 s (color online). 
Additional simulations were performed with the same parameters except that either the A-C 
immiscibility was chosen to be the same as that for A-B, i.e., , or the solute C was made 
more mobile by assigning identical atom saddle point energies to B and C solute atoms, . 
In these cases, the simulations did not yield apparent inverse coarsening, but rather a monotonous 
growth and coarsening of precipitates. It is thus concluded that, for apparent inverse coarsening to 
AC AB
EC
S  EB
S
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take place, the C solute atoms must be (i) more immiscible with A atoms than the B solute atoms, 
and (ii) significantly less mobile than B atoms in the A matrix. 
In order to better understand the origin of the saturation and decrease of precipitate size in the 
KMC simulations, the chemical compositions of the solute clusters were analyzed as a function of 
the size of the clusters, at various times during the precipitation sequence. It was found that the 
first clusters that form are almost pure B clusters. These clusters grow in size until a second 
population of clusters starts to form, with their compositions enriched in C solute. At the time that 
the average precipitate size has reached its maximum value during annealing of the A89B10C1 alloy 
at 500 ˚ C, the large precipitates contain ~ 3 at.% C atoms, while the small clusters contain ~ 18 at.% 
C atoms, as seen in Figure 4.10. Moreover, the formation of these C-rich clusters is accompanied 
by a decrease of the B-solubility below the equilibrium B solubility limit of the A-B alloy system, 
as seen in Figure 4.11. The B-atom solubility in the ternary alloys is estimated from the total 
number of B atoms found in clusters containing less than 5 B atoms (similar solubility values are 
obtained with a threshold size of 10). For comparison, the equilibrium solubility of the A-B alloy 
system has been calculated separately using semi-grand canonical simulations. 
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Figure 4.10. Number of C atoms contained in a precipitate as a function of precipitate size, for 
alloy A89B10C1 annealed at 500 ˚C for ≈ 1600 s.  Note the difference in composition (given by 
slope) between small and large precipitates (color online). 
 
Figure 4.11. Relationship between the solubility of B atoms and the number of B atoms in the 
biggest precipitate during annealing of A89B10C1 at 500 ˚C. The dashed line is the equilibrium B 
solubility limit in the A-B system (color online). 
Based on these simulation results, we propose the following explanation for the saturation and 
decrease of the average precipitate size in the ternary alloy systems investigated here. The first 
stage of precipitation in these dilute ternary alloys is essentially identical to the precipitation 
kinetics in the corresponding A-B binary alloys. The C atoms are both too few and too sluggish to 
influence the precipitation kinetics  (for instance, at 500 oC, the diffusivity of C solute in A, 
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calculated using the five-frequency model [16], is three orders of magnitude slower than that of 
the B solute). These first precipitates, however, have a composition far from that expected at 
equilibrium, as they are highly depleted in C atoms. Once the diffusion length of C atoms becomes 
sufficient for these atoms to meet and react with each other, new C-rich clusters form in the matrix. 
These new clusters also contain a significant number of B atoms, owing to the complete mutual 
solubility of the B and C atoms. The B atoms integrated into these new clusters are drawn from 
the B in solution in the matrix, leading to a local depletion of B below its solubility limit. The 
depletion thus leads to an effective flux of B atoms from large B-rich precipitates to the newly 
forming C-rich precipitates. Shrinkage of large B-rich precipitates leads to an overall decrease of 
the average precipitate size. It is anticipated that the first-formed precipitates will eventually 
dissolve completely, and the C-rich clusters will evolve into larger precipitates, with composition 
approaching that dictated by equilibrium.  
In addition to the decrease of the average precipitate size, a key feature of the novel precipitation 
behavior in these dilute ternary alloys is that the precipitate size distribution deviates significantly 
from the one observed in binary alloys. In the latter case, this size distribution is well described by 
a lognormal distribution, as illustrated by Figure 4.12 (a). In the case of the ternary alloys that 
display a transient maximum and shrinkage of the average precipitate size, the precipitate 
distribution deviates significantly from lognormal, with an excess of large precipitates, see Figure 
4.12 (b). Note that the initial plateau in Figure 4.12 (b) is due to the use of a threshold size, here 
10 atoms, in identifying precipitates. The bimodality observed in the ternary alloy in the simulation 
is similar to the one observed in the experiments in Cu-W-Nb alloys, see Figure 4.3 (c). 
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Figure 4.12. Cumulative precipitate size distribution during annealing at 500 ˚C for (a) a binary 
A90B10 alloy (annealing time 4 s), and (b) a ternary A89B10C1 (annealing time 1450 s). Axes are 
scaled so that a lognormal distribution yields a straight line (solid lines are fit to data) (color online). 
4.2.3 Discussions and conclusions 
We have shown in this work that the addition of small amounts of W to Cu90Nb10 alloys has 
dramatic effects on the precipitation kinetics and grain size stability during thermal annealing and 
during ion irradiation at elevated temperature. In particular, the precipitate sizes attained during 
annealing of Cu89Nb9.5W1.5 and Cu86Nb10W4 above 500 ˚C remain below ≈ 20 nm, in contrast to 
the rapid precipitate growth observed in Cu90Nb10 at these temperatures, see Figure 4.2 (a). This 
first effect of adding W to Cu90Nb10 is, perhaps, not too surprising, since the precipitation kinetics 
for these ternary alloys are intermediate between those of Cu90Nb10 and Cu90W10. More remarkable 
in these ternaries is that the average precipitate size reaches a maximum with annealing 
temperature at ~ 500 ˚C then decreases as the temperature is increased to 830 ˚C. Furthermore, in 
that second regime, two size populations of precipitates are observed in TEM, as illustrated in 
Figure 4.3 (a, b, c), leading to precipitate size distributions that deviate from a lognormal 
distribution, see Figure 4.3 (d). This bi-modal distribution suggests that a different mechanism for 
precipitate growth and coarsening is taking place in the ternary alloys. Another important feature 
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is that larger precipitates are found to have a Nb-rich core/W-rich shell structure, as shown in 
Figure 4.7.  
Precipitation kinetics in a ternary alloy such as Cu-Nb-W can in fact be complex since the 
driving force for precipitation is larger for W than for Nb, owing to the higher immiscibility of W 
with Cu, but the kinetics is faster for Nb than for W, owing to its faster diffusion in Cu. We 
explored this competition between driving force and kinetics by kinetic Monte-Carlo simulations, 
and observed that for a range of thermokinetic parameters reproducing these competing effects, 
the average precipitate size reached for a fixed time saturates and then decreases as the annealing 
temperature is increased, as exemplified in Figure 4.9. In that regime, the precipitate size 
distribution deviates from a lognormal distribution, with an excess of large precipitates, see Figure 
4.12, as observed in the experiments, see Figure 4.3 (d). 
The detailed analysis of the precipitate composition as a function of their size and of the amount 
of solute atoms left in solution clearly illustrate the origin of this complex precipitation kinetics. 
In the early annealing stages, only B solutes have sufficient mobility to participate in the 
precipitation reaction, leading to the formation of almost pure B precipitates. This first population 
of precipitates grows and coarsens as if precipitation was proceeding in an A90B10 binary alloy, 
leading to the decrease of the B atoms left in solution. In a true binary alloy, this B solubility would 
level off once it reaches the curvature-dependent concentration dictated by local equilibrium with 
precipitates (Gibbs-Thomson effect). In a second stage, the mobility of C solute atoms has become 
sufficient for these atoms to form new precipitates in the matrix, which then compete with the first-
formed and almost pure B precipitates. The characteristic time for the start of this second stage can 
be estimated by setting the C diffusion length equal to the average separation distance between C 
atoms. Indeed, once nearest neighbor pairs of C atoms have formed, B atoms bind very effectively 
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to them, as this binding energy, 220 meV for the present simulation parameters, is well in excess 
of kT. For a C concentration of 1 at.%, the initial average separation distance between C atoms is 
≈ , where a is the fcc lattice parameter. The C solute diffusion in a 
pure A matrix  is estimated using the five-frequency model, yielding values of 1.110-2 a2 s-1 
at 500˚C, and 2.9102 a2 s-1 at 800 ˚C. Equating the average separation distance to the diffusion 
length, , predicts times of the onset of precipitation size saturation of 2102 s at 
500 ˚C, and 7.610-3 s at 800 ˚C. These values agree well with the KMC simulations, see Figure 
4.9 (b). We note however that with this simple analysis, increasing the C concentration from 1 at.% 
to 4 at.% should only reduce the saturation onset time by 42/3 ≈ 2.5, whereas a larger reduction is 
measured in the simulations (Figure 4.9 (a)). This larger effect suggests that for high solute 
concentration the nucleation of C-rich precipitates may involve C clusters already present in a 
random configuration, possibly assisted by B atoms. Lastly, it is not surprising that this second 
population of precipitates is enriched in C atoms compared to the nominal C/(B+C) relative 
composition, as seen in Figure 4.10, since these precipitates form in a matrix that is significantly 
depleted in B atoms. Overall, this two-stage precipitation naturally results in a bi-modal 
distribution for the precipitate size. 
The consequence of this two-stage precipitation is that it leads to the saturation and then the 
decrease of the average precipitate size. The average precipitate size decreases partly because new 
small precipitates are forming, but this contribution is negligible when using the volume-average 
precipitate size, as employed in Figure 4.9. The more important contribution comes from an actual 
shrinkage of the large B-rich precipitates. This shrinkage results from the depletion of the matrix 
in B solutes, below its local solubility limit. The large B-rich precipitates are then 
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thermodynamically constrained to emit B atoms to replenish the matrix, but these B atoms are 
incorporated into the smaller C-rich precipitates, which have a larger driving force for precipitation 
owing to their larger C concentration. As a result, for an appropriate balance between these 
competing precipitation rates, the volume-averaged precipitate size can shrink, either as annealing 
time increases at fixed temperature, or as temperature is increased for a constant annealing time. 
The formation of metastable phases during the early stages of precipitation from supersaturated 
solid solutions is observed in many alloy systems [17], for instance Guinier-Preston zones in Al-
alloys. The transient existence of these metastable phases can be seen as examples of Ostwald’s 
‘rule of stages’ [18, 19]. High nucleation barriers often hinder the formation of the equilibrium 
phase. In this case, the formation of equilibrium precipitates, accompanied by the progressive 
dissolution of metastable ones, requires very long isothermal annealing. An example of this 
situation is the formation of the equilibrium  phase in Al-Li, after the homogeneous precipitation 
of the metastable coherent ’ prime phase [20]. The dissolution of the metastable phase can also 
take place during up quench, which is aging at a temperature exceeding the stability limit of this 
phase. In this case precipitates re-dissolve, a process also referred to as reversion or retrogression 
[17]. This process can be employed to optimize microstructures and mechanical properties, see for 
instance Reference [20, 21] . In contrast to these previous works, the effects reported here do not 
result from a higher nucleation barrier for the precipitation of the equilibrium phase over the 
metastable phase, nor do they result from an up-quench heat treatment. In our simulations, the 
slower diffusivity of the C solute atoms, combined with their larger driving force for precipitation, 
leads to the growth, saturation, and dissolution of metastable precipitates. This result is similar to 
the ones reported by Gendt et al. [22] using KMC simulations to model homogeneous precipitation 
kinetics in Fe-Nb-C. In these studies, the fast interstitial diffusion of carbon atoms leads to the 
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transient formation of a metastable Fe carbide, FeC in these simulations owing to the simplicity of 
the model, before precipitation of the more stable NbC phase. The transient formation of cementite 
has been in fact reported recently by Mulholland and Seidman, who studied the competition 
between formation of Fe carbide and M2C (M=Cr, Mo, Fe, Ti) secondary carbides during 
annealing of the BA 160 high-strength low-carbon steel [23]. 
The Nb-rich core/W-rich shell structure observed in precipitates larger than 10nm also results 
from the lower mobility of W than Nb in Cu, which is similar to the formation of 
Sc rich core/Zr-rich shell structured precipitates in the Al-Sc-Zr alloys [12, 13, 24]. Some 
differences come from the shell structure in the Nb-W precipitates; as shown in Figure 4.7 (a) and 
(b), the precipitate can be either uniformly coated or discontinuously coated. Our explanation to 
this is that the shell can be formed either by diffusion of W to the Nb-rich particle, or by 
encountering existing W particles during the growth of Nb-rich particles. This structure further 
prevents the precipitates from coarsening. 
In the Cu-Nb-W alloys studied in the present work, grain boundaries are likely to play an 
important role, enhancing diffusion and providing nucleation sites for precipitation. These effects 
are not included in the present generic KMC simulations, which employ a single crystalline rigid 
lattice. The same competition between thermodynamic driving force and kinetics observed in our 
simulations can however take place in the presence of grain boundaries. This competition has been 
studied by Hin et al. [25, 26] for the Fe-Nb-C system. These authors extended the KMC 
simulations of Gendt et al. [22] by introducing in the simulation cell extended sinks and sources 
for defects, such as grain boundaries and dislocations. At low supersaturation, heterogeneous 
precipitation dominated and metastable Fe carbide precipitates did not form. At high 
supersaturation, however, both heterogeneous and homogeneous precipitation took place and the 
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transient formation of a metastable Fe carbide was observed. These results suggest that the main 
results of our simulations should be applicable to highly supersaturated Cu-Nb-W alloys, where 
we observed both heterogeneous and homogeneous precipitation. In addition, we note that a 
competition between heterogeneous and homogeneous precipitation can lead to bi-modal 
precipitate size distributions, but, this competition alone would not account for a variation of the 
precipitate composition with their size, as reported above for Cu-Nb-W. The difference in solute 
mobility is a required condition to reproduce such a composition dependence, and this is fully 
consistent with the KMC results of Hin et al. [26]. 
In addition to its effect on precipitate size, W alloying has a strong effect on grain size. Figure 
4.2 (b) shows that grain sizes ≈ 30 nm are retained after annealing at temperatures up to 830 ˚C, 
which corresponds to 82 % of the melting point of Cu. Moreover, for all Cu-Nb-W compositions 
investigated here, this strong suppression of grain growth persists under ion irradiation at 500 ˚C 
up to large irradiation doses, ≈ 75 dpa, as illustrated by Figure 4.6. The present findings thus offer 
a very effective way to stabilize grain size at the nanoscale at very high temperatures and under 
irradiation. This small grain size is especially beneficial for irradiation at large doses, as grain 
boundaries and precipitate/matrix boundaries may provide effective sinks for point defects and 
traps for He atoms [27], thus suppressing detrimental effects promoted by long range transport of 
point defects and atoms, such as swelling and irradiation induced segregation and precipitation. 
In conclusion, we have observed that small additions of W can dramatically suppress 
precipitation and grain growth in Cu-Nb alloys. Precipitate sizes remain lower than 20 nm and 
grain size lower than 30 nm in Cu89Nb9.5W1.5 during annealing up to 830 ˚C. Moreover, during 
isochronal annealing, the average precipitate size first increases with temperature but then saturates 
and decreases as the annealing temperature is further increased. Kinetic Monte Carlo simulations 
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of precipitation in model A-B-C ternary alloys reproduce these experimental findings when the C 
alloying element (W in the experiments) is more immiscible but also a less mobile species than 
the B alloying element (Nb in the experiments). The resulting kinetic competition between B and 
C precipitation leads first to the formation of metastable B-rich precipitates, until the mobility of 
C atoms becomes sufficient for a second population of precipitates to form, leading to an apparent 
inverse coarsening of the B-rich precipitates. It is also shown that Cu-Nb-W alloys can retain their 
small grain size during ion irradiation at large doses, 75 dpa, at elevated temperatures, here 500 ˚C. 
The present findings can thus assist in the development of nanograined materials that could operate 
at elevated temperatures and in harsh irradiation environments. 
4.3 Microstructural stability of nanostructured pre-RT-irradiated Cu-Nb-W alloys during high 
temperature annealing 
4.3.1 Experimental results 
4.3.1.1 Precipitation in pre-irradiated alloys 
In this set of experiments the compositions of the ternary samples were Cu93.1Nb5.3W1.6 and 
Cu89.8Nb9.0W1.2. They were pre-irradiated at room temperature prior to annealing. For comparison, 
unirradiated samples with the same compositions were also subjected to annealing. A first 
observation is that the surface segregation observed during annealing of unirradiated samples was 
not found in pre-irradiated samples, as seen in the RBS profiles in Figure 4.13. The small amount 
of surface enrichment of Nb and W is, in fact, due to the evaporation and sputtering of Cu, see the 
regions selected by the two squares in Figure 4.13. 
55 
 
 
Figure 4.13. RBS spectrum of Cu89.8Nb9.0W1.2 after different treatments. The boxed regions 
highlight the enrichment of Nb and W at the surface due to the evaporation of Cu at high 
temperature. 
The average grain and precipitate sizes of the samples measured from TEM images are shown 
in Figure 4.14 (a) and (b) as a function of temperature. It can be seen that the grain sizes of pre-
irradiated samples are larger than the unirradiated samples at the same annealing temperature, a 
clear indication of radiation-induced grain growth [28, 29]. The pre-irradiation treatment, on the 
other hand, results in much smaller precipitate sizes, as seen in Figure 4.14 (b). For example, the 
pre-irradiated Cu89.8Nb9.0W1.2, samples annealed at 655 ˚C have an average precipitate diameter of 
3.8 nm, while for the comparable un-irradiated alloy annealed from 600 ˚C to 700 ˚C, the average 
precipitate diameter ranged between 10 nm and 18 nm, as detailed in Section 3.2.  
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Figure 4.14. (a) Grain size vs. temperature for Cu93.1Nb5.3W1.6 and Cu89.8Nb9.0W1.2 after different 
treatment. The RT-irradiation time was 90 min in all cases. (b) Corresponding precipitate size vs. 
temperature. The precipitate size data for Cu89Nb9.5W1.5 in (b) are from Section 3.2. 
In order to monitor the general progress of the precipitation in each step, XRD was employed. 
Figure 4.15 shows the diffraction patterns for Cu89.8Nb9.0W1.2. The shift of the (111) peak of the 
Cu-rich phase towards the pure Cu (111) peak after room temperature irradiation, and only a weak 
secondary peak developing, indicates a moderate phase separation without significant growth of 
the second phase. This shift, using calculations from molecular statics [30], is consistent with W 
precipitating out of solution and all the Nb atoms, 9 at.%, remaining in solution. The small peak 
developing close to the W (110) position is indicative of the formation of a W-rich alloy phase. 
After subsequent annealing at 655 ˚C, a Nb-W alloy phase has formed, leaving a nearly pure-Cu 
matrix 
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Figure 4.15. XRD spectra of Cu89.8Nb9.0W1.2 in the as-grown state, after RTirr and after RTirr-
ann655 ˚C. Dashed lines correspond to (110) Bragg peak position for pure Nb and W, and to (111) 
peak for pure Cu. 
The precipitation behavior after RT irradiation was characterized in greater detail by 
TEM/STEM. Figure 4.16 (a) shows a bright field TEM image showing the microstructure of 
Cu89.8Nb9.0W1.2 after pre-irradiation. Figure 4.16 (b) is a HAADF STEM image of the same sample. 
As can be seen from the many bright spots, there is formation of highly irregular small clusters 
comprised of heavy elements (W and Nb).  
 
Figure 4.16. Microstructure of Cu89.8Nb9.0W1.2 after room temperature irradiation. (a) BF TEM 
image. A grain boundary is visible from the upper left to the lower middle (see the arrows). (b) 
HAADF STEM image.  
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During subsequent annealing, Nb atoms precipitate preferentially around the W-rich clusters. 
Figure 4.17 (a) is a BF TEM image of the pre-irradiated Cu89.8Nb9.0W1.2 sample annealed at 655 ˚C 
for 1 hour. The uniform orientation of the Moiré fringes is indicative of a preferred orientation 
relationship between the bcc precipitates and the fcc matrix, which we detail later. Measurements 
on 276 precipitates yield an average particle size of 3.8 nm, which is very small considering that 
the annealing temperature is already ≈ 0. 7Tm. The particle size distribution shown in Figure 
4.17 (b) is not bimodal, as was found for the non-irradiated samples. Instead, it is very close to a 
log-normal distribution, as shown in the inset. 
 
Figure 4.17. Microstructure of Cu89.8Nb9.0W1.2 after 90 min RT-irradiation and annealing at 655 ˚C 
for 1 hour. (a) BF TEM image. (b) The histogram showing the particle size distribution. The inset 
figure is the corresponding log-normal plot, in which the red line is the lognormal fit. (c) HAADF 
STEM image of a precipitate showing multiple W-rich regions. (d) HAADF STEM image of two 
precipitates showing multiple W-rich regions. Chemical analysis of the highlighted regions has 
been carried out using STEM-EDS measurements. 
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Table 4.1. W to Nb atomic ratios of the high-lighted regions in Figure 4.17 (d) from EDS 
measurement. 
Region W : Nb (atomic) 
1 0.45 
2 0.36 
3 0.45 
4 0.59 
5 0.37 
 
The chemical makeup of the precipitates after pre-irradiation and annealing was studied using 
the Cs-corrected STEM. Figure 4.17 (c) and (d) are typical HAADF images. Since the intensity in 
Z-contrast imaging scales approximately as the square of the average atomic number, the brighter 
atomic columns are more W-rich than the darker ones. In comparison to the precipitates formed 
during annealing of the unirradiated samples (Figure 4.3 (a, b, c)), the precipitates observed in the 
pre-irradiated samples display a more heterogeneous structure. The precipitates now often contain 
regions with adjacent very bright atomic columns, indicative of a high W-content, and as 
confirmed by EDS-STEM in selected regions, see Table 4.1.  In addition, individual columns or 
small clusters of columns possess also a high intensity, as illustrated by the arrows in Figure 
4.17 (c, d). This suggests that each precipitate contains multiple W-rich clusters, and not just a 
single compact W core. This ramified W structure, however, contrasts with the overall shape of 
the precipitates, which is always compact and nearly spherical. The role played by this unique 
precipitate morphology on the coarsening rate is addressed in the discussion section. 
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The thermal stability of the above structures has been tested by increasing the annealing time 
from 1 hour to 10 hours at 655 ˚C; higher temperature annealing was eschewed, owing to Cu 
evaporation. RBS spectra did not show any changes on longer annealing except for a small increase 
in Nb concentration at the front surface, which we can attribute due to evaporation of Cu. Moreover, 
the microstructure did not show any noticeable evolution, as illustrated by the strong similarities 
in the bright field micrographs in Figure 4.17 (a) and Figure 4.18 (a). Measurements on 461 
precipitates yield an average radius of 1.75 nm, which is slightly lower than that of the 1-hour 
sample (1.9 nm), but within the experimental uncertainty of 0.2 nm. Figure 4.18 (b) shows the 
cumulative probability to find a particle of size R, as a function of normalized particle radius 
(R/<R>, 1
N
i
i
R
R
N
  

) for both the 1-hour and 10-hour annealed samples; the inset shows the 
corresponding histograms. This quantitative comparison of the particle size distributions confirms 
the high stability of the microstructure. 
 
Figure 4.18. (a) BF image of Cu89.8Nb9.0W1.2 after RT-irradiation and annealing for 10 hours at 
655 ˚C. (b) Cumulative probability versus normalized radius for samples annealed for 1 hour and 
10 hours. Histograms are shown as insets. 
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The hardness of the pre-irradiated samples subjected to different annealing time have been 
measured using the nano-indentation technique, as shown in Figure 4.19. The result confirms the 
microstructural stability observed in Figure 4.18. 
 
Figure 4.19. Hardness as a function of annealing time for Cu-Nb-W samples subjected to pre-RT 
irradiations. 
4.3.1.2 Effect of pre-irradiation dose on microstructures 
In this set of experiments, Cu88.5Nb10W1.5 films were employed to assess the effect of RT pre-
irradiation dose on the microstructure obtained after annealing at 655oC for 1 hour. The pre-
irradiation times were 0 min, 9 min, 30 min, and 90 min, keeping the dose-rate constant at ≈ 
1dpa/min. As shown in the X-ray diffraction spectra in Figure 4.20, the Nb-W precipitate peak 
shifts to lower diffraction angle when comparing the sample pre-irradiated for even the shortest 
time (9 min) to the unirradiated one. The Cu-rich (111) peak is also shifted to lower angles, 
indicating that some solute atoms remained in solution. On increasing the pre-irradiation dose, the 
positions of the W-Nb precipitate and Cu-matrix peaks do not change, although the widths of the 
peaks do change. The full-width-half-maximum (FWHM) of the precipitate peak increased from 
0.57o to 0.88o when the pre-irradiation time increased from 9 min to 90 min, indicating a decrease 
in average precipitate size. The FWHM of the Cu peak decreased from 0.40 o to 0.27 o as the pre-
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irradiation time increases from 0 to 90 min. As noted earlier, this latter result is due to irradiation-
induced grain-growth.  
 
Figure 4.20. XRD spectra of the samples with different room temperature pre-irradiation time, 
annealed at 655 oC for 1 hour. 
The Z-contrast images of Cu88.5Nb10W1.5 samples irradiated for 9 min and 90 min display 
significant intensity variations on the scale of 2-20 nm, as illustrated in Figure 4.21. The brighter 
regions suggest that W-rich clusters formed during pre-irradiation. For both irradiation times the 
W clusters appear ramified, but in the sample pre-irradiated for 9 min the widths of the W filaments, 
≈ 1-2 nm, are smaller than those in the 90 min-irradiated sample, ≈ 2-3 nm. At this stage, most of 
the Nb atoms are still in solution based on the analysis from the XRD spectra (not shown here). 
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Figure 4.21. Z-contrast images of Cu88.5Nb10W1.5 film (a) after 9 min RT irradiation and (b) after 
90 min RT irradiation. 
During 655 oC annealing, Nb atoms precipitate at the existing W-rich clusters. For the sample 
pre-irradiated for 9 min and annealed at 655 oC for 1 hour, the majority of the precipitates are very 
small, ≈ 2-4 nm in diameter, but there are also some larger precipitates, with a size ≈ 5-10 nm, as 
shown in the Z-contrast image Figure 4.22 (a). The size histogram of 133 precipitates, shown in 
Figure 4.22 (c), further indicates that the distribution deviates from a log-normal distribution. 
Compare, for example, Figure 4.17 (b) and Figure 4.22 (c). The average diameter is 5 nm, and thus 
larger than the 3.8 nm obtained for the sample pre-irradiated for 90 min (Figure 4.14 (b)). This 
finding agrees with the changes in the FWHM of the XRD spectra. The Z-contrast image of the 
sample pre-irradiated 90 min and annealed, Figure 4.22 (b), displays a much more uniform 
precipitate size, in full agreement with the size histogram Figure 4.17 (b). We thus conclude that 
coarsening resistance is dependent on the pre-irradiation time (or dose). We propose in the 
discussion section that to maximize the coarsening resistance the pre-irradiation dose must be 
sufficient to create a ramified W-rich structure before subsequent annealing.  
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Figure 4.22. Z-contrast images for the samples irradiated at RT for (a) 9 min and (b) 90 min, 
followed in both cases by annealing at 655 oC for 1 hour. (c) Precipitate size distribution of the 
9 min irradiated sample after annealing at 655 oC. The red line is the lognormal fit. 
4.3.1.3 Orientation relationships for pre-irradiated alloys after annealing 
The systematic alignment of Moiré fringes produced by interference of BCC precipitates in an 
FCC matrix, as observed in Figure 4.17 (a) and Figure 4.18 (a) indicates a preferred orientation 
relationship (OR) between these precipitates and the matrix. Our analysis shows that this OR is of 
the Bain type, that is with  [011] / /[111]FCC BCC  and (200) / /(110)FCC BCC . This conclusion is based 
on measurements of the Moiré fringe spacings and the analysis of the Fourier-transformed high-
65 
 
resolution TEM/STEM images. As seen in Figure 4.17 (a), Figure 4.18 (a) and Figure 4.23 (b) the 
Moiré fringes are not only aligned within one FCC grain but also they have a uniform spacing, ≈ 
0.9 nm. A straightforward calculation using the lattice parameters of Cu and Nb shows that the 
spacing of the Moiré fringes generated by overlapped parallel Cu (200) and Nb (110) is 0.8 nm, 
while the fringes generated by Cu (111) parallel to Nb (011), as found in the common Kurdjumov-
Sachs (KS) and Nishiyama-Wasserman (NW) ORs, are expected to have a ≈ 2.0 nm spacing. 
Further evidence is provided by analysis of HR-HAADF high-resolution and TEM/SEM images, 
as shown in Figure 4.23, for a pre-irradiated Cu89.8Nb9.0W1.2 sample after annealing at 655 ˚C for 
1 hour. As seen in the insets of Figure 4.23, which are fast Fourier transforms (FFTs) of the images, 
the Cu matrix is on [011]FCC  zone axis while the precipitates are on the [111]BCC  zone axis, and 
(200)FCC  planes ( (200) 1.81AFCCd  ) are parallel to (110)BCC  planes ( (110) 2.33ABCCd  ).. These 
relationships are exactly the ones expected for the Bain OR. It is expected that for large precipitates, 
the misfit strain should be relieved by the formation of edge dislocations at the interface [31, 32]. 
This is seen by following the Cu (200) and Nb (110) planes in Figure 4.23 (a) (the large precipitate 
in the middle) and (b). For very small precipitates, like the one in the top right of Figure 4.23 (a), 
the interface appears coherent. 
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Figure 4.23. Images of a RT-irradiated Cu89.8Nb9.0W1.2 sample after annealing at 655 ˚ C for 1 hour. 
(a) HR-HAADF image. (b) HRTEM image. The FFT patterns are shown as insets. 
4.3.1.4 Discussion and conclusions 
In the present work, we report that pre-irradiation of Cu1-x-yNbxWy thin films at room 
temperature impacts significantly their microstructural evolution during annealing at elevated 
temperature, most significantly its suppression of coarsening. We recall that in the case of 
annealing unirradiated samples between 600˚C and 700˚C for 1 hour (Section 4.2), the resulting 
nanoprecipitates have a rather small average diameter, ≈ 10 to 18 nm, but they exhibit a bimodal 
size distribution, with precipitates as large as 20 nm in diameter, and a significant volume fraction 
of these large Nb-rich precipitates, see Figure 4.3 (a, b, c). The nanoprecipitates in these samples, 
moreover, had a core-shell structure, with a Nb-rich core and a W-rich shell, with the shell either 
continuous, or comprised of small W-rich clusters. This structure is illustrated in Figure 4.7 (a) 
and (b). 
In contrast, the findings for samples pre-irradiated at RT were quite different. After a 90 min 
irradiation at RT, clustering is observed by X-ray diffraction (Figure 4.15), and by Z-contrast 
(b) 
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STEM images (Figure 4.16 (a, b)). The diffraction angles of the new reflections as well as the 
intensity distribution in the Z-contrast images indicate that this clustering involve mostly W atoms. 
The W-rich clusters formed by irradiation in Cu89.8Nb9.0W1.2 are not compact; rather they appear 
to be ramified, as illustrated by Figure 4.16 (a, b), and by Figure 4.21 (a, b).  
After 90 min pre-irradiation at room temperature and 1 hour annealing at 655 ˚C, X-ray and 
electron diffraction indicate that nearly all W and Nb atoms have precipitated since the Cu (111) 
peak has shifted to the position expected for pure Cu (Figure 4.15). Nano-precipitates with a bcc 
structure are directly imaged in TEM and STEM modes. The average diameter is measured to be 
3.8 nm and the distribution is nearly log-normal, see Figure 4.17. When the annealing time is 
increased from 1 to 10 hours, the precipitate size distribution remains virtually unchanged, as 
shown in Figure 4.18. High resolution TEM and Fourier transforms of the atomically resolved 
Z-contrast images, Figure 4.23, indicate that the bcc nano-precipitates develop the Bain orientation 
relationship with the fcc matrix. 
The nano-precipitates formed after RT irradiation and annealing at 655 ˚C are not chemically 
homogeneous. Atomically-resolved Z-contrast images, as well as EDS analysis of these 
precipitates, indicate that they contain W-rich regions, see Figure 4.17. The size and general 
morphology of these zones is very similar to the ramified W-rich clusters observed after RT 
pre-irradiation but before annealing, see Figure 4.16. In contrast to this ramified morphology, the 
morphology of the total precipitates found after RT pre-irradiation and annealing (i.e., ramified W 
and surrounding Nb) is compact, and nearly spherical in shape. 
When the RT pre-irradiation time (or dose) is too low, e.g., 9 min (9 dpa), little W-clustering is 
observed, see Figure 4.21, and after annealing at 655 ˚C, the precipitate size distribution (Figure 
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4.22 (a)) is intermediate between the ones observed on unirradiated (Figure 4.3 (a, b, c)) and 90 
min pre-irradiated (Figure 4.22 (b)) samples. 
We consider first the precipitation induced by pre-irradiation with heavy ions at room 
temperature. This behavior had been reported previously for such highly immiscible binary alloys 
as Ag-Co [33], and Cu-Mo and Cu-W [7]. This contrasts to moderately immiscible alloy systems, 
such as Cu-Ag, Cu-Fe, or Cu-Co [5, 6, 34], for which irradiation at RT or at liquid nitrogen (LN) 
temperature forces the atomic mixing of these elements. The Cu-Nb alloy system falls into the 
second category, as irradiation at liquid nitrogen or room temperature does not induce any 
precipitation in homogeneous Cu90Nb10 thin films [5]. This alloying behavior during low-
temperature irradiation has been rationalized on the basis of solute diffusion in the quasi-liquid 
zones created by displacement cascades [7, 35]. As Mo and W are immiscible with Cu in the liquid 
state, as well as in the solid state, each thermal spike is expected to contribute to solute clustering, 
and this has been confirmed by MD simulations [7]. In the case of a ternary Cu-Nb-W alloy, the 
fact that we observed selective W precipitation is thus consistent with the above model developed 
for binary alloys. We also note that the Bain orientation relationship reported here between the bcc 
precipitates and the fcc matrix was also observed in the case of Cu93.5W6.5 after irradiation at 
200 ˚C and 300 ˚C [36].  This orientation relationship contrasts with that of Nb in Cu, which is 
expected from thin film studies to be KS or NW [37, 38]. This difference is presumably a 
consequence of the larger lattice mismatch between Nb and Cu compared to W and Cu. We end 
this point by emphasizing that irradiation can induce selective precipitation in multicomponent 
alloys, this is a key element in the present processing scheme. Selective W precipitation could not 
have been achieved by any solid state annealing treatment owing to the very low solubility of Nb 
in solid Cu and the much higher mobility of Nb than W in Cu. 
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While the exact morphology and composition of the W-rich precipitates induced by RT 
irradiation are not known, the ramified structure suggested by STEM Z-contrast images is 
compatible with the limited MD results available [5, 7]. As W remains essentially immobile in Cu 
up to ≈ 750 ˚ C, we expect that the W-rich clusters formed during RT irradiation will remain largely 
unchanged during annealing at 655 ˚C. The compact shape and the chemical analysis of the Nb-
W precipitates formed after annealing at 655 ˚C indicates that during annealing Nb atoms 
precipitate out on the W-rich clusters. The exceptional thermal stability of these precipitates 
demonstrates that the W clusters must act as strong traps for the Nb atoms. If the W clusters were 
compact, however, one would expect that the amount of trapped Nb atoms would be very limited, 
roughly corresponding to one or two atomic layers of Nb around each W cluster. This would be 
far insufficient to trap all Nb atoms in our alloys, which have Nb:W ratios up to ≈ 8:1. In should 
be recognized, in this regard, that while 655 ˚C is a high temperature in Cu, it is only 0.33Tm and 
0.25Tm in Nb and W, respectively. We therefore expect no interdiffusion between Nb and W. 
Thus to explain the high trapping efficiency of the W precipitates, we propose that the non-compact, 
ramified morphology of the W-rich clusters plays a critical role, providing a far larger number of 
trapping sites for a given number of W atoms per cluster. This will be rationalized using Kinetic 
Monte Carlo simulation in Section 4.3.2.   
In conclusion, room temperature irradiation of homogeneous Cu-Nb-W alloys results in the 
selective precipitation of W. During subsequent thermal annealing, the more mobile Nb atoms 
precipitate out on the existing W nanoprecipitates, creating a core-shell-like structure. Unlike the 
core-shell structure formed by thermal annealing in absence of irradiation, the more mobile species 
(Nb) is now the shell and W the core. In addition, the nanoprecipitates adopt the Bain orientation. 
This structure is highly stable since Nb atoms are strongly trapped at the W nanoparticles to avoid 
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high energy Cu-W bonds. After annealing Cu89.8Nb9.0W1. at 650 ºC (= 0.68Tm) for 1 hour, the 
average precipitate size remains <4 nm and, it does not change on increasing the annealing time to 
10 hours. The experiments also show that the trapping efficiency of the W nanoparticles is very 
high, with one W atom, on average, able to trap 10 Nb atoms; we attribute this high efficiency to 
the structure of the W nanoprecipitates, which appears to be highly ramified.  
4.3.2 Atomistic simulation on trapping of solutes by ramified clusters 
This section explores the nature of the irradiation-induced nanoprecipitates in Section 4.3.1 in 
more detail, using atomistic simulation methods to provide a more systematic understanding of the 
trapping efficiency and the coarsening-resistance. We employ two simulation methods. First, we 
simulate scanning transmission electron microscope (STEM) images of the W clusters introduced 
by room temperature ion irradiation to verify that the clusters are indeed ramified. We then use 
KMC simulation to study the trapping of Nb by the W clusters. Together, these simulations 
confirm that the ramified nanoprecipitate structure is the key ingredient for efficient trapping, and 
extreme coarsening resistance. Although this work is directly related to our experimental 
observations on metallic solids, we believe the general ideas can be applied to any systems 
provided that the components have similar interaction characteristics. In fact, in some polymer 
blends, co-continuous morphologies can become coarsening-resistant by adding nanostructures 
that spontaneously cluster within one phase [39]. In other work studying the pinning of phase 
separation in biological systems, such as the inhibition of the coarsening of the lipid raft phase in 
cell membranes [40], membrane bond proteins serve as immobile pinning sites, which prefer the 
lipid raft phase rather than the matrix phase, and a significant slow-down of lipid phase coarsening 
was observed and then rationalized, the exponent of which depends on the pinning site density. 
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4.3.2.1 STEM simulation results 
In Section 4.3.1, we showed that W atoms cluster and precipitate out of solution during room 
temperature irradiation with 1.8 MeV Kr ions, while Nb atoms remain dissolved. Figure 4.16 (b) 
illustrates this behavior; it shows a Z-contrast STEM image taken after irradiation. The bright areas 
indicate the W-rich precipitates in the sample.  The structure of the precipitates in this image 
appears to be ramified; however, we explore this possibility more thoroughly by using STEM 
image simulation. The simulations are performed assuming a Cu99W1 alloy with FCC structure 
and with all W atoms in the form of clusters. Two groups of microstructures are considered, one 
with compact spherical W particles and the other with ramified W clusters. The ramified clusters 
are generated using a modified diffusion limited aggregation (DLA) algorithm, as will be described 
below. The sample size in the STEM simulation is 11 nm ×11 nm ×11 nm. It should be noted that 
since the images are 2D projections, overlapping of clusters in space can result in modified shapes 
in the pictures.  
The DLA algorithm employed to generate the ramified clusters was modified from that 
originally introduced by Witten and Sander [41] in order to generate several clusters in one 
simulation cell at the same time. In this model, immobile W “seed” atoms are located at random 
sites. Then one W atom is placed at a random lattice site not yet occupied by W, and it is allowed 
to randomly walk until becoming the nearest neighbor of a seed, where it attaches. New W atoms 
are added only after the preceding W atom has attached to an existing cluster. The process stops 
when the W concentration has reached the desired level. The number of cluster, and thus their 
average cluster size, can be controlled by changing the number of seeds. The microstructure 
generated in this step is then used as input for the STEM simulation. 
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The STEM image simulation package used in this study is Zmult [42]. Zmult implements the 
multi-slice algorithm to simulate electron probe propagation by including electron dynamic 
scattering. Electron scattering of each slice is treated as the phase object followed by propagation 
using the Fresnel propagator [43]. A Fast Fourier transform is used to calculate the wave 
propagation. Only atomic coordinates and element information are required in the calculation. For 
Z-contrast image simulations, the image intensity of scanning transmission electron microscopy 
(STEM) with an annular dark field detector is obtained using the STEM potential method proposed 
by Ishizuka to calculate the contribution from thermal diffuse scattering [44]. The volume of 
sample simulated is an 11nm cube. To simulate such large volume, we divided the sample into 
columns of 3.6×3.6×11 nm3. The image simulations were carried out only for columns with 
different number of W atoms and assume the W atoms are in the middle of the sample. 
STEM images of ramified W clusters embedded in Cu matrix were simulated as well as of 
spherical W clusters. For both shapes, two different precipitate sizes were obtained by changing 
the number of seeds from 10 to 100, while keeping the overall concentration of W at 1 at.%. This 
resulted in an average number of W atoms of 262 for the 10-seed case, and 26 for the 100-seed 
case. The corresponding diameters for the spherical clusters were 0.84 nm and 1.8 nm, and the 
spatial extension of the ramified clusters was ~1 nm and ~2 nm, respectively. The left column in 
Figure 4.24 shows the projected 2-D view of the input of those four test samples (only W atoms 
are included; note that clusters overlap). The right column in Figure 4.24 shows the corresponding 
results from the STEM simulation. By comparing these simulated images with the experimental 
image in Figure 4.16 (b), it can be concluded that the microstructure of the irradiated Cu-W alloy 
corresponds far more closely to the simulated image of the ramified structures than to the simulated 
image of spherical particles. A comparison of the length scales further suggests that the W clusters 
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in Figure 4.16 (b) are ≈ 1-2 nm, which agrees very well with the EDX results in Section 3.2. The 
STEM simulations thus provide strong support for the conclusion that the Cu88.5Nb10W1.5 sample 
contains ramified W precipitates following room temperature irradiation. We next employ KMC 
simulations to investigate the effect of such ramified structures on the precipitation kinetics of 
alloys with properties similar to Cu88.5Nb10W1.5.   
 
Figure 4.24. Microstructures of the Cu99W1 samples. Left column: 2D coordinate views. Right 
column: simulated STEM Z-contrast images. From top to bottom: ramified W clusters extending 
to ~1 nm, ramified W clusters extending to ~2 nm, spherical W particles with a diameter of 0.8 nm, 
and spherical W particles with a diameter of 1.8 nm. 
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4.3.2.2 KMC simulation results 
In the KMC simulations, a ternary A89B10C1 system has been constructed to represent the 
Cu88.5Nb10W1.5 system. While this A-B-C system does not attempt to provide an accurate 
description of the Cu-Nb-W system owing to the lack of reliable interaction energy data and the 
coexistence of FCC and BCC phases, the model should capture the essential thermodynamic and 
kinetic features that dominate the precipitation processes, as has been detailed in Section 3.5. The 
RT-irradiation process is not performed in the simulation; instead, the C clusters (representing the 
W clusters) are generated in a separate subroutine and are introduced into the system at the 
beginning of the annealing process. As detailed in Section 4.3.2.1, two types of cluster 
configurations have been constructed: the ramified structure formed by the modified DLA method 
and the spherical structure. All of the B atoms are initially placed in solution. The annealing is 
performed at 500 oC until a steady state, or quasi steady state, is obtained.  
Figure 4.25, Figure 4.26 and Figure 4.27 show the alloy microstructures before and after 
annealing for three samples initiated with different C configurations. Only C atoms are displayed 
(light yellow online) in the initial structures since B atoms are always placed in a homogeneous 
solution, while both B (blue) and C (light yellow) atoms are shown after annealing. In Figure 4.25, 
the initial structure is a solid solution, but after annealing, two groups of precipitates are found: 
one contains very small precipitates, which are rich in C; the other contains very large precipitates, 
which are rich in B. This particular microstructure was studied in detail in Section 4.2. The main 
relevant point here is that an initially homogeneous distribution of C atoms does not provide any 
significant benefits in suppressing the coarsening of the B-rich precipitates. In Figure 4.26, the 
initial C clusters are compact spheres, and from left to right the number of clusters increases from 
1 to 10 to 100. The steady-state structures after annealing reveal that the C spheres can only 
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effectively trap one layer of B atoms on its surface, as seen from the upper precipitate in the middle 
image in Figure 4.26 (b) as well as from the small precipitates in the right image in Figure 4.26 (b). 
The remaining B atoms are mobile during annealing and they eventually form one large precipitate, 
as seen in every image in Figure 4.26 (b). In Figure 4.27 the C clusters are ramified, and from left 
to right the number of the clusters again increase from 1 to 10 to 100. After annealing, the 
microstructures are significantly different from the other two cases: In the sample with 1 ramified 
C cluster, all of the B atoms (except those in solution in A) are precipitated on the cluster and the 
precipitate shows regions with negative curvatures, as indicated by the arrows in the left image in 
Figure 4.27 (b). The surface area of this core/shell precipitate can be reduced by adding more B 
atoms into the system to fill the regions with negative curvature, suggesting that the cluster can 
trap more B atoms before B precipitates form. In the sample with 10 ramified C clusters, the 
precipitates are relatively homogeneous in size, and few areas with negative curvature are observed, 
as seen from the middle image in Figure 4.27 (b) (applying periodic boundary conditions). In the 
sample with 100 ramified C clusters, similar to the spherical cluster cases, large B-rich precipitates 
again form, as seen in right image in Figure 4.27 (c), suggesting that many B atoms were not 
trapped by C clusters. We thus conclude that the trapping efficiency of ramified C clusters, per C 
atom, decreases with size. Data from 10 independent samples using the configuration with 10 
ramified C clusters further show that the precipitate size distribution is well described by log-
normal distribution, as shown in Figure 4.27 (c).  
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Figure 4.25. Left: C atoms are homogeneously in solution before annealing. Right: After annealing 
at 500 oC large B-rich precipitates coexist with small C-rich precipitates. B and C atoms are 
displayed in blue and light yellow (online only), respectively. 
 
 
Figure 4.26. (a) Top row: spherical C clusters. Bottom row: corresponding microstructures after 
annealing at 500 oC. From left to right the number of the clusters within a cell is 1, 10 and 100. (b) 
Slice views of the post-annealing microstructures. 
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Figure 4.27. (a) Top row: configurations of ramified C clusters. Bottom row: steady-state 
microstructures after annealing at 500 oC. From top to bottom the number of clusters is 1, 10 and 
100 within a cell. (b) Slice views of the post-annealing microstructures. The arrows are pointing 
to typical areas with negative curvatures. (c) The precipitate size distribution of the 10-cluster 
sample, combining data from 10 independent runs. The red line is the lognormal fit of the 
distribution. 
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The effect of the initial C-atom structure on precipitate stability can be explored by monitoring 
the average size of the precipitates as a function of time. This is shown in Figure 4.28 (a) for the 
three ternary structures discussed above, as well as for an A90B10 binary alloy. It is seen that the 
system with ramified clusters (red online) reaches steady state most quickly, ≈ 50 s, and its steady-
state size is the smallest. The other ternary structures follow a similar growth trajectory; however, 
the precipitates grow more slowly and saturate at higher values. Precipitate size in the binary alloy 
has not saturated at end of the simulation. The overlapping in the initial growth curves of the 
sample with C atoms in solution, the sample with compact C clusters and the binary sample 
indicates that at this stage of the annealing, the precipitation process for these structures is 
dominated by the precipitation of B atoms, forming large B or B-rich precipitates. In contrast, the 
precipitates in the sample with ramified clusters grow more rapidly, which suggests that the 
majority of B atoms are trapped by nearby C clusters, resulting in short diffusion lengths. 
The thermal stability of systems with ramified clusters was also examined as a function of 
temperature. Figure 4.28 (b) shows the average precipitate size as a function of time for the system 
with 10 ramified C clusters at 500 oC, 600 oC and 700 oC. At every temperature the system reaches 
nearly the same steady state; the slight decrease in precipitate size at higher temperatures is 
attributed to the increase in solubility, however, this is discussed in more detail, below. 
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Figure 4.28. (a) The evolution of the average precipitate size during annealing at 500 oC for 
different samples. The B atoms were in solution initially. (b) The effect of temperature on the 
average precipitate size for the system with 10 ramified C clusters. 
4.3.2.3 Discussion and conclusions 
The KMC simulation results agree well with experimental observations in Section 4.3.1 in 
several respects: (i) Core/shell precipitates containing ramified cores are coarsening-resistant; (ii) 
The ramified cores have high trapping efficiencies for other solute elements, with larger ramified 
cores being more efficient traps than smaller ones; (iii) The precipitate size distribution is well 
described by log-normal. 
The large trapping efficiency of ramified cores for solute can be rationalized using a simple 
geometric model. The model assumes that the maximum number of B atoms trapped by a C cluster 
is given by the number of lattice sites contained within a sphere circumscribing the cluster, less 
the number of C atoms in the cluster.  Since the ramified clusters are fractals, when the clusters 
size, R, is significantly larger than lattice constant, the average number of C atoms in a cluster 
depends on R as 
= dCN a R             (1) 
(a) (b) 
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where d is the Hausdorff dimension, and a is a constant. For FCC structures the total number of 
atoms in a sphere of radius R, in units of nearest neighbor distances, is approximately 
34 2
3
tot B CN N N R

                (2) 
Therefore, the ratio of NC to Ntot is: 
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Plotting ( ln( / )C totN N ) vs. ( ln(1/ R) ) thus yields the dimension d and the constant a. 
To test this model, we constructed an illustrative system with a single ramified C cluster and a 
thick slab of pure B atoms in an A matrix. The slab can be considered as a reservoir of B atoms, 
as it maintains the equilibrium solute concentration eqC  in the system (the simulation cell size is 
large enough for the solubility in these canonical simulations to be nearly identical to the one 
obtained from grand-canonical simulations.). Thus the reference for measuring the trapping 
efficiency of C clusters is the equilibrium concentration (or solubility limit) of B in the A matrix. 
Figure 4.29 (a) shows an example of a particular configuration in quasi-steady state. Figure 4.29 
(b) plots ( ln( / )C totN N ) vs. ( ln(1/ R) ) for clusters of different sizes. A linear fit yields 
=2.41 0.03d  , which is very close to the Hausdorff dimension for a 3D DLA cluster ( 2.5d  ); 
=2.02 0.1a  . 
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Figure 4.29. (a) A particle in equilibrium with the reservoir of B atoms. (b) ln ( / )C totN N  vs. 
ln (1/R)  for particles of different sizes. The slop of the fitted line is (0.59±0.03), which gives 
d=2.41±0.03. The intercept of the fitted line is -1.075±0.05, which gives a=2.02±0.1. 
Since the concentration of B should not exceed the equilibrium concentration, we assume that 
the number of trapped B atoms, with B atoms at their equilibrium concentration in A, represents 
the maximum number of B atoms that can be trapped, maxBN , and we define
max /B CN N  as the 
trapping efficiency of a C cluster of size NC. In Figure 4.30 the actual ratio of number of B atoms 
to C atoms, NB/NC, is plotted versus NC for all precipitates from the three samples shown in Figure 
4.27 (a) (1, 10 and 100 ramified clusters). The red solid line shows the trapping efficiency using 
the a and d values from the geometric model. The black dashed line represents the ratio of total 
numbers of B and C atoms in precipitates, which is slightly less than 10 since some B atoms are 
in solution. When NB/NC of a precipitate is significantly above the red line (outside of a reasonable 
fluctuation range), such as the larger precipitates in blue, it means they contain more B atoms than 
they can actually trap and is a sign that the cluster is coarsening by forming a shell of B-atoms 
around the cluster. When NB/NC of a particular precipitate is too far below the red line, such as the 
precipitate in black, it means the cluster has the capacity to trap more B atoms, but the B atom 
concentration in the matrix has fallen far below its equilibrium concentration. Therefore, the red 
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line separates the trapping regime (below the red line) and the coarsening regime (above the red 
line), and from the figure it is observed that the system that contains 1 cluster or 10 clusters does 
not coarsen, while the system that contains 100 cluster does, in agreement with the observed 
microstructures as shown in Figure 4.27. Another key point is that the trapping efficiency increases 
with the C cluster size (note the red line), which means larger ramified clusters have higher 
trapping efficiencies. For the A89B10C1 systems we used in these simulations, the critical C cluster 
size that corresponds to a full trapping of B can be obtained from the intersection of the red line 
and the black line. This yields a critical cluster size of 350criticalCN  . 
 
Figure 4.30.  NB/NC vs. NC plot for all the precipitates with ramified C clusters. The red line is 
showing the ideal trapping efficiency. 
The analysis of the trapping efficiency of ramified C clusters was shown above to agree well 
with our simple geometric model; we now rationalize why it works. To address this question, we 
again utilize the illustrative configuration containing the reservoir, as shown in Figure 4.29 (a). In 
regions where only B atoms are present and the local curvature is positive, B atoms will be emitted 
owing to the Gibbs-Thomson effect. For the same reason regions with negative curvature will 
absorb B atoms.  In equilibrium, ideally the particle should thus be faceted since the B slabs 
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imposes the B equilibrium solubility of an interface with zero curvature, eqC . The singularities 
where facets meet must be stabilized by the C atoms. It is for this reason that only few C atoms 
are necessary to trap many B atoms. In practice, dynamical fluctuations on the morphology of the 
particle always exist, resulting a coexistence of positive, negative and zero curvatures at any 
instantaneous point, but over a long period of time the average curvature has to be zero. Figure 
4.31 (a) shows the dynamic fluctuation of the morphology of the precipitate in Figure 4.29 (a). In 
every snapshot the coexistence of curvatures as well as the stabilization of singularities by C atoms 
can be clearly observed. Similar features are also observed in experiment, as shown in Figure 4.31 
(b) for a Nb-W faceted precipitate in a Cu matrix (Z-contrast image; refer to Section 4.3.1). The 
red arrow points to a singularity stabilized by W atoms and the blue arrow indicates a region with 
a negative curvature. 
 
 
Figure 4.31. (a) Sequential slice views of the precipitate in Figure 4.29 (a). (b) Z-contrast image 
of a precipitate in the Cu88.5Nb10W1.5 system, clearly showing the presence of negative curvatures 
(blue arrow) and the singular stabilized by W atoms (red arrow). 
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In reality particles always surround by other particles and now we consider the microstructures 
shown in Figure 4.27 (a). It is clear from the above discussion that when the average curvatures of 
all particles are zero, i.e. the solubility of B in the matrix is eqC , there is no driving force for them 
to coarsen or shrink. When the solubility is above eqC , the particles have positive curvatures on 
average, and since the particles differ in size, the Gibbs-Thomson effect tells us that smaller 
particles will lose atoms to the larger ones and the large ones will coarsen. When the solubility is 
below eqC , the particles have negative curvatures on average, and their Gibbs free energies are so 
low that they are extremely stable. We note in particular that, in contrast to classical coarsening, 
when two precipitates with different negative curvature coexist, any transfer of B atoms driven by 
the Gibbs-Thomson effect from one precipitate to the other should tend to equalize their average 
curvatures, resulting in a stabilizing effect. This discussion suggests that the actual solubility of B 
in the matrix can be used to judge whether the microstructure is coarsening resistant or not. Figure 
4.32 shows the solubility as a function of average cluster size in systems in Figure 4.27 (a); the 
error bars represent fluctuations in the solubility in this small system. The red dotted line indicates
eqC . Based on the discussion above, the system with 100 ramified clusters will coarsen, while the 
system with 1 cluster it will not. With 10 clusters, the solubility of the system falls close to the eqC
line, and it has little ability to coarsen. These predictions agree very well with the observed 
microstructures, as have been detailed in the previous sections. This rationalization also provides 
a simple way to predict the minimum C-atom cluster size and density required to trap an arbitrary 
B concentration. The effect of zero curvature (faceted interfaces) has been utilized in inhibiting 
coarsening of other systems, such as to maintain the activity of catalyst particles [45]. 
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Figure 4.32. Equilibrium solubility of B in A vs. average size of ramified C clusters. The red dotted 
line is indicating the solubility with a flat A-B interface ( eqC  ). 
In conclusion, we investigated a novel approach towards the design of coarsening resistant 
precipitates in immiscible A-B-C alloy system by kinetic Monte Carlo simulation. The 
thermokinetic parameters were chosen so as to capture key properties of the Cu-Nb-W system. In 
particular, thermodynamic interactions were selected such that the C atoms can trap B atoms at the 
temperatures investigated, and diffusivity of C in the A matrix was set to be much lower than that 
of B. We compared the precipitation of B atoms during thermal annealing at temperatures ranging 
from 500 ˚C to 700 ˚C for different initial distributions of C atoms, including random distribution, 
compact clusters, and fractal-like clusters. It was found that the systems with ramified C clusters 
had exceptionally high trapping efficiency of B atoms due to their fractal nature, and that for large 
enough C cluster sizes, after a rapid B precipitation the microstructures reached steady state and 
became essentially coarsening-resistant. The coarsening resistance originates from the zero or 
negative average curvatures of the precipitates imposed by the ramified C clusters, resulting in a 
solubility of B in A equal or less than eqC , the equilibrium solubility for a flat interface. In such 
constrained systems, there is therefore no driving force for coarsening. This study rationalizes 
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recent experimental observations of exceptional thermal stability of W-rich-core/Nb-rich-shell 
nanoprecipitates in Cu89Nb10W1 alloys, with ramified W-rich cores formed prior to annealing by 
RT ion irradiation.  
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CHAPTER 5  
EFFECT OF W PRECIPITATES AS INTERNAL DEFECT SINKS ON 
COMPOSITIONAL PATTERNING IN CU-AG-W ALLOYS 
5.1 Introduction and background knowledge 
In materials with elements having positive heat of mixing, two processes compete with each 
other in determining the phase stability of alloys under irradiation—ion beam mixing and 
radiation-enhanced diffusion. These non-equilibrium phenomena have attracted enormous 
attention over the past few decades since they provide pathways to engineer new nanostructured 
materials with advanced properties that potentially remain stable in an irradiation environment. 
Nelson and coworkers first studied stabilization of nanostructures under irradiation in Ni-Al alloys 
[1] where they reported that under ion irradiation at intermediate temperature, the alloy reached a 
steady state with nanometer-sized precipitates. Intermediate temperatures implies a regime where 
point defects are mobile, but thermal diffusion in absence of irradiation is negligible. Such 
compositional patterning phenomenon as observed by Nelson has more recently been studied in 
several immiscible Cu based alloys, such as Cu-Ag, Cu-Fe, Cu-Co, etc. [2, 3]. Various models 
have been proposed in attempt to depict representative pictures of the multi-component process. 
(for example Nelson [1]; Frost and Russell [4, 5], Enrique and Bellon [6]) In particular, for 
immiscible binary alloys, Enrique and Bellon [6] proposed a phase-field-type model that accounts 
for the full contribution of ballistic jumps, which determines the dynamical phase boundaries 
between macroscopic phase separation (thermally activated diffusion dominates), compositional 
patterning (thermally activated diffusion and irradiation forced mixing balances) and solid solution 
(irradiation forced mixing dominates). They pointed out that for a certain irradiation condition, 
there exists a maximum temperature maxT , for which compositional patterning can be sustained, 
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but beyond it the system will undergo macroscopic phase separation. That temperature depends on 
the relative rates of ion beam mixing and radiation-enhanced diffusion, and to a smaller extent on 
the primary recoil spectrum of the irradiation system. Attempts to increase Tmax have focused on 
decreasing radiation enhanced diffusion of the solute. Chee et al showed, for example, that in Cu-
based immiscible alloys, Tmax increases inversely with the thermal diffusivity of the solute. Thus 
Tmax in systems like Cu-Mo and Cu-Nb is high relative to systems like Cu-Ag and Cu-Fe. Another 
means to accomplish this goal is to suppress radiation-enhanced diffusion by adding a high density 
of unsaturable sinks to the alloy system. Shu and co-authors, for example, studied the effect of 
internal defect sinks on compositional patterning using kinetic Monte Carlo simulations with non-
conserved point defects [7]. They found that by introducing a sufficiently high density of defect 
sinks, the system remains in sink dominated regime and steady-state compositional patterns can 
be stabilized over a much larger temperature range. Inspired by this past work, we performed 
experiments to test these ideas. In these experiments, nano-sized W precipitates were added to the 
Cu-Ag system to serve as sinks. If at temperatures of interest the system is in the sink dominated 
regime, thermally activated diffusion of solute species can thus be significantly lowered, compared 
to the binary counterpart. The nano-W precipitates are considered to be “quenched in” since they 
are very stable at the temperatures investigated due to extremely low mobility of W in Cu. The 
heat of mixing for binary interactions are provided in Table 1. Since
m m m
Ag W Cu W Cu AgH H H       , 
the Ag precipitates will not coat the W particles, but rather nucleate in between them. Our results 
show that by introducing high density of finely dispersed W particles as defect sinks, we can extend 
maxT  to much higher temperatures; with a W particle density of 1.5×10
-4 (atom fraction), maxT of 
Cu85Ag15 is increased from 175 
oC [2] to at least 300 oC. Above 300 oC, the onset of thermal 
diffusion begins to dominate the kinetics. 
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Table 5.1. Heat of mixing for binary interactions. 
 Cu-Ag Cu-W Ag-W 
mixH  (kJ/mol) 6 [8] 33 [9] 65 [9] 
 
The procedure for introducing nano-sized W precipitates into the system takes advantage of 
selective precipitation under irradiation at low temperatures [10]. Starting with a solid solution, 
for systems that are highly immiscible even in the liquid state, such as Cu-Mo and Cu-W, thermal 
spikes, which are liquid-like zones produced by heavy ion irradiation, lead to precipitation of the 
alloying element even at relatively low temperatures such as room temperature (RT). On the other 
hand, for systems that are moderately immiscible in the solid state and are miscible in the liquid 
state, such as Cu-Ag, Cu-Nb and Cu-Fe, low temperature irradiation can greatly increase the 
solubility; for example, 1.0 MeV Kr+ irradiation at room temperature of  Cu-Ag multilayer sample 
results nearly complete mixing [11], in contrast to some tenths of a percent solubility of Ag in Cu 
without irradiation. Therefore, if the alloying elements are composed of highly immiscible ones as 
well as moderately immiscible ones, low temperature irradiation can lead to precipitation of the 
highly immiscible elements while keeping the moderately immiscible one in solution. That 
provides the pathway to introduce W clusters as sinks in the system we studied here. 
5.2 Experimental results 
The as-grown sample was Cu83.5Ag15W1.5 solid solution. Figure 5.1 shows the XRD spectra of 
the samples in the as-grown state as well as those subjected to various thermal/irradiation 
treatments. As expected during RT irradiation, Ag precipitation is not observed. Upon further 
irradiation at elevated temperatures, Ag precipitates begin to nucleate and grow while the matrix 
becomes purer in Cu. Applying Linde table [12], the solubility of Ag in Cu after RT irradiation, 
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RT + 200 oC irradiation, RT + 250 oC irradiation and RT + 300 oC irradiation is 15%, 11%, 5% 
and 0%, respectively, while the solubility of Cu in Ag is 11%, 8% and 7%, respectively, for the 
last three samples. As the 2nd step irradiation temperature increases, the Ag precipitate sizes, as 
obtained using the Scherrer equation, are found to increase from 6.6 nm to 10.1 nm to 10.8 nm, 
respectively. As will be seen these values are a bit larger than obtained from TEM analysis. The 
Cu grain sizes obtained from the Cu peak analysis is not suitable to apply to this work because it 
includes the effect from twinning, but twin boundaries are not considered as sinks for defects. 
 
Figure 5.1. XRD spectra for Cu83.5Ag15W1.5 in the as-grown state as well as subjected to various 
treatments (color online). The ion dose for each RT irradiation is 2.7×1016 cm-2 and for each 
irradiation at elevated temperatures is 2.0×1016 cm-2. 
During irradiation, super saturated defects annihilate at sinks. For the polycrystalline samples 
studied here, grain boundaries and precipitate/matrix interfaces are the most dominant sinks. To 
account for the effect solely from interfaces we have to estimate their relative strength. Figure 5.2 
shows the grain structure of two samples, one after RT irradiation and the other after RT irradiation, 
followed by irradiation at 300 oC. It can be seen that grains as large as half a micron coexist with 
smaller ones of size 100 nm or so. Twin boundaries are present in some of the larger grains. Since 
twin boundaries are coherent they are not considered as sinks for point defects, and we didn’t 
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include them when estimating grain sizes. Due to the lack of statistics the average grain sizes are 
not obtained accurately, but an estimate of 200 nm appears sufficiently accurate for the analysis in 
the discussion section. 
 
Figure 5.2. Grain morphology of (a) Cu83.5Ag15W1.5 after RT irradiation; (b) Cu83.5Ag15W1.5 after 
RT irradiation then 300oC irradiation. 
After RT irradiation W atoms precipitate while Ag atoms are still in solution. Figure 5.3 shows 
the microstructure of the sample. As can be seen from the Z-contrast image in Figure 5.3 (a) the 
W precipitates are on average 1nm in diameter; they do not appear to have perfect spherical shapes, 
but have rather diffuse or rough interface with the Cu matrix. This was also observed in the 
Cu-Nb-W systems [13]. Figure 5.3 (b) is a high resolution image and (c) is the corresponding fast 
Fourier transformation (FFT), which shows the diffraction pattern of an FCC lattice on the zone 
axis [001]. An interesting observation is that inside each Cu {200} diffraction spot is a diffused 
zone. Inverse FFT of those zones reveal 1nm-sized regions (not necessarily corresponding to the 
dark regions in (b)), thus it is very convincing that they are the diffraction pattern from the W 
clusters. Therefore, the orientation relationship between the W clusters and the Cu matrix is the 
(a) 
(b) 
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Bain type, as reported for Cu-W previously [13]. By using the mid-points of the diffused zones, 
the average lattice parameter of the FCC W phase is estimated to be 0.40 nm, in very good 
agreement with Reference [14]. The average spacing of the W precipitates can be calculated 
indirectly by knowing how much W has precipitated, and what the composition and morphology 
of the precipitates are. Our results in Chapter 6 show that roughly half of the W atoms (0.7% of 
total atoms) come out of solution during RT irradiation. By further assuming that the precipitates 
are pure W and spherical, with an average diameter of 1.3 nm from statistical analysis, an average 
spacing of 5.0 nm is obtained. This corresponds to a W precipitate density of 
59.4 10pC
  . The 
apparent higher density seen in Figure 5.3 (a) is a consequence of projecting a 3D structure onto a 
2D image.  
   
Figure 5.3. W precipitates formed during RT irradiation. (a) HAADF STEM image; (b) HRS TEM 
image; (c) FFT of (b). 
The 2nd step of irradiating the samples at elevated temperatures leads to the precipitation of Ag 
in between W precipitates. Figure 5.4, Figure 5.5 and Figure 5.6 show the microstructures of 
samples with the 2nd step irradiation temperatures of 200 oC, 250 oC and 300 oC (denoted as the 
200 oC sample, the 250 oC sample and the 300 oC sample in the remaining text), respectively. We 
now examine each of them in detail. Figure 5.4 shows the 200 oC sample with an ion dose of 
2.0×1016 cm-2: (a) is a Z-contrast image and (b) is a BF image. Comparing with Figure 5.3 (a), a 
(a) (b) (c) 
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key difference is that there are now precipitates as large as 2 nm. Smaller ones have sizes similar 
to the W precipitates, making it difficult to distinguish the two precipitates in Z-contrast images. 
Figure 5.4 (b), however, provides a way to identify the Ag precipitates, viz. by forming Moiré 
fringes. The Moiré fringe spacing measured in this figure is ~1.6nm, which corresponds to Ag 
(200) aligned with Cu (200). It can be seen that all the precipitates within the same grain have the 
same orientation relationship with the matrix. A rough estimation of the average Ag precipitate 
size yields 1.8 nm, which should be considered an upper limit for the average size since smaller 
precipitates are harder to distinguish and thus more likely to be undercounted. 
   
Figure 5.4. Co-existance of W and Ag precipitates after RT irradiation and then 200 oC irradiation. 
(a) HAADF STEM image; (b) BF TEM image (Moiré Fringes indicate the presence of Ag 
precipitates). The dose of the 200 oC irradiation is 2.0×1016 cm-2. 
Figure 5.5 shows BF images of two 250 oC samples with doses of (a) 2.0×1016 cm-2 and (b) 
4.0×1016 cm-2. They display essentially the same microstructural features: 1) Ag precipitates, 
distinguishable by the Moiré patterns and having sizes of around 6nm, coexist with 1 nm W 
precipitates; 2) all the precipitates within one grain have the same orientation relationship with the 
matrix, Ag (200)//Cu (200); 3) the size distributions of Ag precipitates are almost the same, as 
(a) (b) 
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shown in Figure 5.5 (c), and the average size is 6.4 nm for the low-dose sample and 6.2 nm for the 
high-dose sample, with the standard deviation to be 0.8 nm; these sizes are the same to within the 
error range. Since the irradiation doses we used are quite high (48 dpa and 96 dpa), it is quite 
reasonable to assume that the system has reached steady state and is thus in the patterning regime. 
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Figure 5.5. Co-existance of W and Ag precipitates after RT irradiation and then 250 oC irradiation 
of doses (a) 2.0×1016 ions/cm2 and (b) 4.0×1016 ions/cm2. (c) The size histogram of Ag precipitates. 
Figure 5.6 shows BF images of two 300 oC samples with doses of (a) 2.0×1016 cm-2 and (b) 
4.0×1016 cm-2. Following similar analysis as above, we conclude that the system is still within the 
patterning regime, but the average precipitate sizes has now increased to ~8.5 nm. 
(a) (b) 
(c) 
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Figure 5.6. Co-existance of W and Ag precipitates after RT irradiatio and then 300 oC irradiation 
of doses (a) 2.0×1016 cm-2 and (b) 4.0×1016 cm-2. 
The precipitate size increases with increasing temperature, eventually approaching to the 
interspacing between W precipitates At that point, a second mechanism comes into play. Figure 
5.7 provides a demonstration of this mechanism; it shows two Ag precipitates from the 300 oC 
sample (dose: 2.0×1016 cm-2) that are confined within a space defined by W precipitates. Similar 
occurrences are found for some larger precipitates in the 275 oC sample, but these are not shown 
here. This mechanism seems to operate in parallel with ballistic mixing in controlling the size of 
the precipitates. Further discussion of this behavior is presented in the following section. 
  
Figure 5.7. Confining of Ag precipitates by W precipitates: (a) a spherical precipitate; (b) an 
elongated precipitate. 
(a) (b) 
(a) (b) 
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Figure 5.8 summaries the particle size distributions for the 250 oC sample, 275 oC sample and 
300 oC sample. Significant peak broadening takes place from 275 oC to 300 oC, while the maximum 
does not increase much. This is another indication of pinning of precipitate size to a certain length 
scale.  
 
Figure 5.8. Evolution of precipitate size distribution with increasing 2nd step irradiation 
temperature: (a) histogram; (b) Gaussian fit of the distribution.  
We have performed additional experiments testing whether our results cited above do in fact 
show that the alloy system is in the patterning regime, or if it is just a situation of very slow 
coarsening. The experiments consisted of first RT irradiating the as-grown sample and then 
subsequently irradiating it at 300 oC to the dose of 2×1016 cm-2. Lastly, the sample is then re-
irradiated at 200 oC to the dose of 6×1016 cm-2 (referred to as 300-200 sample in the following 
text). Another sample was treated in a similar way, but the first elevated temperature used was 400 
oC, and the second was 300 oC (referred to as 400-300 sample in the following text). Figure 5.9 (a) 
shows the microstructure of the 300-200 sample, which can be compared 300 oC samples in Figure 
5.6. Figure 5.9 (b) shows the distributions of precipitate sizes for the 300oC-irradiated sample and 
the 300-200 sample. It is seen clearly that by irradiation back at a lower temperature the original 
precipitates are dissolved, and the peak size in the distribution is reduced from ~9 nm to ~7 nm; a 
(a) (b) 
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group of very small sized precipitates are newly formed, approaching to the expected steady-state 
average size of 1.8 nm at 200 oC. We believe this constitutes strong evidence that the system is 
within the compositional patterning regime at 200 oC, although the irradiation dose we used is not 
quite sufficient to reach complete steady state. Figure 5.10 (a) shows the microstructure of the 400 
oC sample and (b) shows that of the 400-300 sample. Figure 5.10 (c) shows the distributions of the 
precipitate sizes for the 400 oC sample, the 400-300 sample, and the 300 oC sample. It is seen that 
similar to the 300-200 study, when irradiating back at 300 oC from 400 oC, large precipitates are 
shrinking while very small ones are forming, but those two populations have not merged to the 
peak position of the 300oC sample, ~ 9 nm, at least for the dose used in the current study. We 
believe that this set of experiments supports our previous conclusions that Figure 5.4, Figure 5.5 
and Figure 5.6 represent true steady states in the patterning regime, instead of microstructures that 
are slowly evolving. Higher total irradiation doses, however would have been useful for this 
purpose, but they were not practical in this case owing to surface erosion during heavy ion 
bombardment. This results in the loss of the protective W cap on the specimen surface and non-
equilibrium segregation of Ag onto the surface. 
 
Figure 5.9. (a) Microstructure of Cu83.5Ag15W1.5 after 2
nd step irradiation at 300 oC to the dose of 
2×1016 cm-2, and then irradiated at 200 oC to the dose of 6×1016 cm-2. (b) Ag precipitate size 
distributions for the 300oC-irradiated sample and the 300oC-then-200oC-irradiated sample. 
(a) 
(b) 
99 
 
 
Figure 5.10. (a) Microstructure of Cu83.5Ag15W1.5 after 2
nd step irradiation at 400 oC to the dose of 
2×1016 cm-2. (b) Microstructure of Cu83.5Ag15W1.5 after 2
nd step irradiation at 400 oC to the dose of 
2×1016 cm-2, and then irradiated at 300 oC to the dose of 6×1016 cm-2. (c) Ag precipitate size 
distributions for the 400oC-irradiated sample, the 400oC-then-300oC-irradiated sample, and the 
300oC-irradiated sample. 
As discussed above, at 300 oC the pinning of Ag precipitate size by W precipitates becomes 
quite important since most Ag precipitates reach sizes that is comparable with the spacing between 
W precipitates. As can be seen in Figure 5.10 (a) at 400 oC the Ag precipitates are on average 
greater than 10 nm in diameter, all surrounded by W precipitates; some even have W precipitates 
as inclusions. Since our focus in this study has been the effectiveness of W precipitates as defect 
sinks, and not as pinning sites, we limit the 2nd step irradiation temperature to 300 oC. Figure 5.11 
(a) (b) 
(c) 
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summarizes the results from this study; it compares the results from the present study on 
Cu83.5Ag15W1.5 with results on the Cu85Ag15 binary system. As has already been discussed the 
maximum temperature for compositional patterning in the binary system is 175 oC under Kr ion 
irradiation with a similar dose rate [2]. In this study we introduced into the system immobile W 
precipitates by first performing room temperature irradiation to the ternary Cu-Ag-W system, 
which mainly serve as sinks for defects produced during irradiation. That increases the maximum 
patterning temperature to at least 300 oC. 
 
Figure 5.11. Average precipitate size vs. irradiation temperature for Cu83.5Ag15W1.5 after RT 
irradiation and for Cu85Ag15 [2] (dose: 4×10
16 cm-2). The steady state regime is indicated on the 
figure. The red arrow indicates that the actual maximum patterning temperature may be higher, 
but current investigation only explores temperatures ≤ 300oC. 
5.3 Discussion and conclusions 
We first use chemical rate theory to determine the state of the system during irradiation [15]. 
After ref. [16] we write rate equations for the vacancy concentration (Cv) as: 
 
2
0 2
44 3pv iv
FM i v i v p v v p gb v v
rC r
K D D C C D C C D C
t L
 
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
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  
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Where 0K  is the freely mobile defect production rate;   is the atomic volume; iD  is the 
interstitial diffusivity; vD  is the vacancy diffusivity; iC  is the interstitial concentration; pC  is the 
precipitate density; ivr  is the recombination distance for a vacancy and an interstitial; pr  is the 
elimination radius for defects going to precipitate/matrix interfaces; L  is the average grain size; 
FM  is the fraction of freely mobile defects in the total defects produced; p  is the sink efficiency 
of the precipitate/matrix interface; gb  is the sink efficiency of the gain boundaries. The relative 
strength of the second term compared with the sum of the third and fourth term determines whether 
the system is in the recombination regime or the sink elimination regime. The relative strength of 
the third term compared with the fourth term determines which one between the precipitate/matrix 
interfaces and grain boundaries is the dominant sink.  
For the Cu83.5Ag15W1.5 samples after room temperature Kr
+ irradiation, we adopt the following 
parameters in the calculation: 20 1.33 10 dpa/sK
  , 0.01FM  , 200 nmL  , 
23 31.2 10 cm  , 
59.4 10pC
  , 0.6 nmivr  , 0.75 nmpr  , 
2 21.7 10 exp( 0.12 eV / ) cm / siD kT
   ,
2 21.7 10 exp( 0.71 eV / ) cm / svD kT
   . Then we calculate the relative contribution to defect 
elimination by the W precipitates and the grain boundaries. The ratio of the third term to the fourth 
term in Equation 1, is: 
2
1
4
95
3
p p p p
gb gb
r C L
f
 
  
 

. 
We consider that the sink efficiency for W precipitate/matrix interfaces is comparable with 
grain boundaries due to the large lattice mismatch between Cu and W. Then f1 is much larger than 
1, and most defects will annihilate at the W precipitates rather than at the grain boundaries. Note 
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that the Ag precipitate/matrix interface also serve as sinks once the Ag precipitates form, but since 
they grow quickly their density soon drops to orders of magnitude smaller than that of the W 
precipitates, and therefore the contribution can be neglected.  
The ratio of the second term to the sum of the third and fourth term (which is approximately 
just the third term, as discussed above) in Equation 1 is (using the relation i i v vDC D C ): 
5
2 9 10
iv i i iv v v iv v v
p p v p p p v p p p p p
r DC r D C r C C
f
r D C r D C r C   
      . 
As long as f2 is much smaller than 1, the system resides in the sink elimination regime and not 
the recombination regime. We use 2 1/ 3f   as the criterion for the sink limited regime [7], and by 
assuming p  is close to 1, Cv should be smaller than 3.7×10
-5. The corresponding temperature for 
 
f
2
=1/ 3
 
at steady state can be derived by keeping only the first and third term in the equation and 
setting / 0vC t   : 
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As can be seen, with W precipitates the system is readily in the sink elimination regime for all 
the temperatures of interest. 
If we consider a system without the W precipitates, then in the rate equation the third term is 
dropped, and by assuming the same L the ratio of the second term to the fourth term is: 
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In this case for the system to be in the sink elimination regime ( 2 ' 1/ 3f  ), Cv should be smaller 
than 4.2×10-7. The corresponding temperature at steady state can be derived by keeping the first 
and the fourth term in the equation and set / 0vC t   : 
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Comparing T’ with T, we can see that the introduction of internal defect sinks can greatly extend 
the sink elimination regime to lower temperatures. Recall that the temperature separating the 
compositional patterning regime and the macroscopic phase separation regime in Cu85Ag15 under 
Kr+ irradiation is 175oC [2]. Therefore, the defect concentration in the binary system is within the 
recombination regime while the system undergoes compositional patterning. 
The importance of the defect concentration regime derives from its role in the theory of dynamic 
phase diagrams, introduced by Enrique and Bellon [6]. In this theory, the relocation distance R is 
plotted as a function of the forcing parameter  , which is the ratio of the ballistic mixing frequency 
  to the thermal diffusion coefficient of the solute species (Ag in the present study) AgD  . They 
together determine the characteristic length scale of the microstructures, as illustrated in Figure 
5.13. For a given irradiation condition R and   are considered to be constant, thus the only 
variable is AgD . We now follow a similar analysis as used in Reference [2, 7]  to see how AgD
changes with temperature. For dilute Cu-Ag alloy AgD can be written as  
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where Agvd and 
Cu
vd are the partial diffusivity of vacancies via exchanging with Ag atoms and with 
Cu atoms in a Cu matrix, respectively.  
When the system is in the recombination regime, the steady state vacancy concentration is:  
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. As the temperature increases, AgD quickly 
increases, leading to a fast decrease of  and pushing the system to cross the boundary into the 
macroscopic phase separation regime. 
In contrast, when the system is in the sink elimination regime, the steady state vacancy 
concentration is: 
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obtained by taking the ratio of tracer diffusion coefficient of Ag and Cu in a Cu matrix [17]. For 
the temperature range of interest, compared with AgD in the recombination regime, as temperature 
increases, the change of AgD is rather weak in the elimination regime. Therefore the change of 
is much slower. As a consequence, the system can remain in the patterning regime to higher 
temperatures. Furthermore, the steady-state precipitate size should also increase weakly with the 
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irradiation temperature, and this is indeed consistent with the experimental results reported in 
Figure 11. 
 
Figure 5.12. The ratio of partial diffusivities of vacancies via exchanging with Ag and with Cu in 
a Cu matrix, in the dilute limit. 
 
Figure 5.13. Dynamic phase stability map. Adapted from [6]. 
Another important feature in the microstructures at relatively high temperatures is the confining 
of Ag precipitates by W precipitates, which is illustrated in Figure 5.7. As calculated in the result 
section, the average spacing between W precipitates is 5 nm. If we assume they form a uniform 
3D lattice grid with a unit cell of 5 nm-cubed, then the maximum average diameter of spherical 
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Ag precipitates that can form in the space without enveloping any W precipitates is 5.0 3 8.7  
nm. In fact, the spacing between W precipitates have fluctuations, and the Ag precipitates can 
adjust their shape to some extent with neither sacrificing too much in energy nor enveloping W 
precipitates, as seen for the precipitate in Figure 5.7 (b). Therefore, the distribution peak broadens 
as the maximum size approaches 8.7nm, as seen in Figure 5.8. In this stage, the size confinement 
starts to play a role in controlling the steady-state precipitate sizes. Most precipitates, however, 
have not reached the size of the inter-W cluster distance, and so compositional patterning remains 
to be the dominant mechanism controlling the size of the Ag precipitates. 
Enveloping of W precipitates within a Ag-rich phase is expected to be very difficult due to the 
extremely high heat of mixing between Ag and W, as shown in Table 5.1. In the present study we 
rarely find W precipitates included in Ag precipitates. However, we expect this phenomenon to be 
more and more important with increasing temperatures in determining the characteristic length 
scale in the microstructure. This behavior, however, will be reported elsewhere. 
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CHAPTER 6  
INVESTIGATION OF MICROSTRUCTURAL EVOLUTION IN CU-W AND CU-NI-W 
SYSTEMS UNDER IRRADIATION USING IN-SITU ELECTRICAL RESISTIVITY 
MEASUREMENTS AND ELECTRON MICROSCOPY 
6.1 Introduction and background knowledge 
Both of the studies in Section 4.3 and Chapter 5 utilize RT ion irradiation as the first and key 
step in the treatment of Cu-based ternary metallic samples containing W. This treatment was 
shown to provide remarkable enhancement in their phase stability at high temperatures. The result 
of RT irradiation is the formation of 1nm-sized W precipitates from thermal spikes because W and 
Cu are immiscible even in the liquid state. The systems studied are Cu-Nb-W (Section 4.3) and 
Cu-Ag-W (Chapter 5), the major difference being that Nb and W have negligible heat of mixing 
[1, 2] while Ag and W have positive heat of mixing. Both Nb and Ag have moderate positive heat 
of mixing with Cu so in equilibrium they have very limited solid-state miscibility. In this chapter, 
a third system, Cu-Ni-W, is studied, which is distinct from the other two for the fact that first, Ni 
and W have negative heat of mixing [3] and they form intermetallic compounds, and second, Ni 
and Cu have a small positive heat of mixing of ~2.5 kJ/mol [4], so that they intermix completely 
within the entire compositional and temperature range. The ternary phase diagram with partial 
compositional range of Cu89.3Ni10.7-Cu87.4Ni10.5W2.1 for temperatures ranging from 0-1800
oC [5] is 
shown in Figure 6.1, which can be used as a guide for phase transformations under irradiation 
since the thermal spikes can be modeled as liquid-like regions. As shown, two phases exist when 
Cu and Ni melt— the W solid phase and the (Cu, Ni) liquid solution with a very small W solubility. 
At lower temperatures for W concentration from 1.4% to 2.1%, three phases co-exist— W, Ni4W 
and (Cu, Ni) solid solution with no virtually W solubility. 
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Figure 6.1. Cu-Ni-W ternary phase diagram with partial compositional range of Cu89.3Ni10.7-
Cu87.4Ni10.5W2.1 for temperatures ranging from 0-1800
oC [5]. Color key (for online view): blue 
area: single-phase region; white area: two-phase region; yellow area: three-phase region. 
Based on the phase diagram it is expected that for the Cu98.4-xNixW1.6 (x<10) system, similar 
to the Cu-Nb-W system and the Cu-Ag-W system, if starting with a solid solution, under RT 
irradiation W will precipitate out while Ni is still in solution. We are interested in whether those 
W precipitates will again act as traps for the other solute species, Ni, as has been found for Nb. If 
so, we are then interested in obtaining the trapping efficiency accurately in experiments so as to 
test our fractal model in the KMC simulation (Section 4.3.2). High resolution in-situ electrical 
resistance measurements provide a convenient way to obtain this information, as Ni and W solutes 
both introduce significant increases to the resistivity of Cu (unfortunately, W too strongly relative 
to Ni), and Ni does not precipitate out of solution without the presence of W, which naturally 
provides the baseline for data interpretation. 
In-situ electrical resistance measurement is one of the most traditional techniques for 
monitoring kinetic processes; over the past several decades it has been used to study subtle changes 
in microstructures such as early stage precipitation [6-8] and defect kinetics in materials subject to 
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irradiation [9-12]. The prerequisite for obtaining solid conclusions from such studies is an 
understanding of electron scattering by features with length scales smaller than the mean free path 
of electrons, such as impurities (including solutes, point defects, defect clusters, nuclei and small 
precipitates) and domain boundaries. Since the domain sizes in this study are typically on the order 
of hundreds of nanometers, we only consider contribution from impurities. The electrical 
resistivity   is given as 
 L     , 
 where L  is the resistivity of a pure metallic crystal due to phonon scattering and   is the 
residual resistivity due to the scattering of electrons by impurities. The expressions for L and 
are: 
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where m  is the electron mass; Fv  is the Fermi velocity (electron speed at the Fermi level); 0n  is 
the free electron density; e  is the electron charge; ml  is the electron mean free path; iC  is the 
impurity concentration; Z  is the valence number of the matrix element; ( )Fk  is the effective 
average scattering cross-section. For Cu, L  (μΩ·cm) is 1.68+0.0068T, T in 
oC.  (μΩ·cm/at.%) 
for isolated Frenkel pairs in Cu is 1.9 0.2  [13] and for Frenkel pairs contained in clusters 
following RT neutron irradiation it is 1.7 0.2  [14]. For W and Ni solutes, as will be shown in the 
result section,  (μΩ·cm/at.%) is 11.84 and 0.605, respectively. Comparing the relative 
magnitude of L  and  , and also considering the resolution of the measurement, we can 
conclude that the measurements will have high sensitivity to the solutes and defects with 
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concentrations down to several thousandths of a percent. For the present study, the changes in 
solute concentration are always orders of magnitude higher than that limit; for defects, only under 
irradiation their concentration can merely reach such high values. Therefore, in the treatment of 
resistivity changes we only consider the contribution from solutes (and also nuclei and very small 
precipitates).  However, the problem is still complex since there is no comprehensive theory 
available for effect of precipitates on resistivity, taking into consideration all variables such as 
chemical composition, size, morphology, interface structures and phases. Most experimental 
studies found in literature are descriptive; some well-documented fields include the early stage 
precipitation regarding to the formation of GP zones. Clouet et. al. [15] have used cluster dynamics 
to simulate precipitating Al-Sc alloys by assuming that the contribution to resistivity by each 
cluster is proportional to its area, and while being able to well fit the experimental results they 
conclude that the resistivity excess observed during coarsening mainly arises from large clusters 
and not really from the solid solution. While those experimental observations and theoretical 
considerations provides great insights into that study, the precipitates they investigated were at 
least a few nanometers in size and having sharp interfaces with the matrix. In contrast, the current 
study focus on kinetics with a characteristic time of only tens of seconds and precipitates that have 
a diffuse interface with the matrix and contain only a few to tens of atoms. Therefore, previous 
theories cannot be adapted directly and explanation to the results obtained here requires a more 
empirical approach. 
Since resistivity is so sensitive to subtle changes in structures it can be used as a high resolution 
gauge to indicate the system’s microstructural state. That provides a convenient way to test the 
theories on steady states for driven systems under competing dynamics [16] [also see discussions 
in Chapter 5]. Previous experimental observations yields only qualitative agreement [17, 18] [also 
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see results in Chapter 5], having low accuracy and providing little quantitative information on 
kinetic pathways. In contrast, in-situ electrical resistance data contains all of this information, thus 
having great potential to help with the development of kinetic theories of irradiation effects and 
the design of new materials for advanced applications. 
In this chapter in-situ electrical resistance measurement are employed to study the 
microstructural evolution of the Cu-W and the Cu-Ni-W systems subject to ion irradiation and 
annealing. The measurements are complemented by TEM/STEM investigation on selected 
samples. Resistance measurement setup has been described in Section 3.4. We will show that RT 
ion irradiation leads to precipitation of W, but also that at steady state there remains an appreciable 
amount of W in solution. We will also show that W precipitates indeed trap Ni atoms, forcing them 
out of solution, but the Ni-W precipitate structure cannot be fully determined based solely on the 
data obtained to date. We will also show the remarkable result indicating that the Cu-Ni-W system 
evolves toward the same steady state under irradiation, regardless of the initial state, even at 
temperature where thermally activated diffusion is suppressed. 
6.2 Experimental results 
Two sets of samples are prepared by magnetron sputtering, namely the Cu-W series and the 
Cu-Ni-W series. The Cu-W series compose samples with concentration of Cu, CuW1.1, CuW1.6, 
CuW3.1 and CuW4.7. The Cu-Ni-W series compose samples with concentration of CuW1.6, 
CuNi2.9W1.6, CuNi5.1W1.6, CuNi9.4W1.6 and CuNi9.3. Each sample has a length of 2 mm, width of 
0.4 mm and thickness of ~300 nm. With this geometry the value for resistivity in units of 
μΩ·cm is approximately 6 times the value for the resistance in the units of Ω. Both resistance 
and resistivity values are displayed, but they are interchangeable using this relationship. 
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6.2.1 Results and discussions from electrical resistance measurements 
6.2.1.1 Cu-W series 
Figure 6.2 (a) shows the change in resistance as a function of time during irradiation with 
1.8 MeV Kr+ irradiation at room temperature. The data are corrected for a small temperature 
increase (< 10 oC) due to beam heating. The beam was switched on at t = 396 s and off at t = 4092 
s. The resistances for samples containing W dropped instantaneously upon irradiation due to the 
precipitation of W, and approached steady-state values after 600 s. Higher W concentrations lead 
to larger resistance decreases. The pure Cu sample shows negligible change, showing that point 
defects and grain growth do not contribute noticeably to the change in resistivity. When the beam 
was turned off another resistance drop on the order of 0.02 Ω (0.12 cm  in terms of resistivity) 
was observed in every irradiated sample; examples are shown in Figure 6.2 (b) for CuW1.6 and 
CuW4.7. Considering that each Frenkel pair contributes 
2(1.9 0.2) 10  cm    to the resistivity, 
this drop corresponds to a reduction in defect concentration of around 
46.3 10 , which has the 
expected order of magnitude for the steady-state defect concentration under this irradiation 
condition. Therefore this drop is attributed to the restoring of thermal equilibrium defect 
concentration. In the sample that was not irradiated, when the beam was off an instantaneous 
resistance drop of 0.001 Ω was recorded, which is attributed to temperature drop (< 1 oC) upon 
removing the heat source. 
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Figure 6.2. (a) Electrical resistances as a function of experimental time of the Cu-W series. (b) 
Enlarged region showing the change of resistance when the irradiation beam was turned off. 
The samples were then annealed at 500 oC. Figure 6.3 shows the normalized resistances as a 
function of annealing time. Quasi-steady states (i.e., when the W concentration in solution 
approaches its equilibrium value) were not reached within the investigation time. Note that since 
it took time for the temperature to reach 500 oC and stabilize, it is hard to define the starting point 
of annealing; for this reason t = 0 in this graph when temperature reaches 495 oC. In general, higher 
W concentrations lead to larger decreases, and if composition is the same (CuW1.6 in this 
experiment) the unirradiated sample leads to a higher decrease than the irradiated sample. This 
decrease is attributed to W atoms thermally precipitating out of solution. 
  
Figure 6.3. Normalized resistances as a function of time during annealing at 500 oC. 
(a) (b) 
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Figure 6.4 summaries the above experimental results for the Cu-W systems: it shows the 
resistivity (always measured at RT) as a function of W concentration, for the as-grown samples as 
well as samples after each treatment. The as-grown data were fitted linearly; the result is labeled 
in the graph. As can be seen, each treatment tends to bring the resistances down to the pure Cu 
level, indicating there is less electron scattering from the W solutes and precipitates. It is interesting 
to note that for the non-RT-irradiated CuW1.6 sample, indicated by the open triangular symbols, 
the resistivity drops to the same level as the RT-irradiated CuW1.6 sample after exactly the same 
annealing treatment (500 oC, ~1500 s). As has been noted in the introduction section, since 
resistivity is very sensitive to subtle changes in microstructures, this phenomenon indicates those 
two samples after annealing have the same microstructural features, namely the same amount of 
W in solution and approximately the same (average) precipitate size. If we neglect the contribution 
to resistivity from precipitates for the reason that their density is very small compared with solutes, 
then after annealing the W solubility is around 0.44 at.% (note: the system didn’t reach equilibrium, 
as seen in Figure 6.3). The average spacing between the remaining W solutes is ~1.4 nm. This 
indicates that after annealing at 500 oC for ~1500 s the average diffusion length should be smaller 
but close to 1.4 nm. An estimation of diffusivity can be obtained from 
2
18 22   6.5 10  cm /s
2
l
l Dt D
t
     . 
The diffusivity of W in Cu is not available in the literature, but if we take the data for Ir in Cu 
as a guide, which is 2×10-18 cm2/s at 500 oC [19], then the above estimation seems quite reasonable. 
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Figure 6.4. Resistivity as a function of W concentration for the as-grown Cu-W samples as well 
as samples after treatments. 
By again neglecting the contribution to resistivity from precipitates, the steady-state W 
solubility in Cu under irradiation can be calculated. These values are listed in Table 6.1; they show 
that the solubility is not a fixed value. Rather, unlike the lever rule for equilibrium thermodynamics, 
the solubility increases with the initial concentration. 
Table 6.1. List of as-grown W concentration and steady-state W concentration during RT 
irradiation. 
 
 
6.2.1.2 Cu-Ni-W series 
Complexity is added to the system by adding Ni to CuW1.6. The electrical resistance response 
to the ion beam is shown in Figure 6.5. Similar to the Cu-W series, the resistances for the samples 
containning W dropped rapidly as soon as the beam is turned on, and again approached steady 
state after 500 seconds. The Cu-Ni binary sample, in contrast, shows negligible resistance change. 
An interesting observation in the ternary samples is that the higher the Ni content, the smaller the 
XW-as grown (at.%) 1.1 1.6 3.1 4.7 
XW-irradiation (at.%) 0.76 0.84 1.32 1.92 
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decrease in resistivity, indicating that less W precipitated out of solution. Additional evidence of 
this effect will be shown in the TEM/STEM study section. 
 
Figure 6.5. Electrical resistances as a function of experimental time of the Cu-Ni-W series. 
The samples were then annealed at elevated temperatures after RT irradiation. The annealing 
was performed in the sequence from 300 oC to 500 oC to 600 oC, with holding at each temperature 
for ~40 min. At 300 oC the resistance change is minimal. Data for 500 oC and 600 oC are shown in 
Figure 6.6. Similar to Figure 6.3, quasi-steady states were not achieved within the holding time. 
The general observation is that the higher the Ni content, the larger the resistance decrease. 
 
Figure 6.6. Annealing of the ternary samples at (a) 500 oC and (b) 600 oC.  
(a) (b) 
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The samples were then re-irradiated at room temperature with the same dose rate as the first 
time. Figure 6.7 shows that as soon as the beam was switched on, the resistances for all the samples 
containing W increased rapidly and reached steady state within 600 s. The Cu-Ni binary sample 
again shows negligible resistance change. 
 
Figure 6.7. Resistance profile for the second RT irradiation. 
Figure 6.8 summarizes the results of the ternary system by plotting the resistivity (measured at 
RT) as a function of Ni concentration for the as-grown samples and the samples subjected to 
various annealing/irradiation treatments (in these samples the W concentration is 1.6 at.%). The 
data for the as-grown samples are fitted linearly; the fit parameters are given in the figure. As can 
be seen, although Ni also contributes significantly to the resistivity of the Cu matrix, the effect is 
still 20 times smaller than that of W, thus decreasing the accuracy for the measured changes in the 
Ni concentration. Following both RT irradiation and subsequent annealing the resistivities in all 
cases decreased. Rather astonishingly, the resistivities of all samples return to almost exactly their 
same values following the second RT irradiation, as after the first RT irradiation, suggesting that 
the same microstructural states must be nearly the same. These results strongly suggests that the 
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alloy reaches the same steady state following room temperature irradiation, independent of its 
initial microstructure. 
 
Figure 6.8. Resistivity as a function of Ni concentration for the as-grown Cu98.4-xNixW1.6 samples 
as well as samples after treatments. 
Using the same analysis methods as for the Cu-W system, the steady-state W solubility during 
irradiation can be obtained for each sample with different Ni concentration, as listed in Table 6.2. 
Increasing Ni concentration increases the W solubility. The 0.1% difference for the CuW1.6 sample 
in Table 6.1 and Table 6.2 can possibly be attributed to fluctuations in the irradiation condition, or 
possibly a slight difference in sample geometry.  
From the resistivity data it is difficult to extract information on how much Ni precipitated out 
of solution during irradiation, for the reason that the difference between the data in the blue curve 
and the dashed line in Figure 6.8 contains contribution from not only Ni in solution, but also extra 
W in solution due to presence of Ni solutes; the latter is expected to increase with Ni concentration 
but the exact relationship is unknown. Even if this increase is small, the extremely large effect that 
W solutes have on resistivity will still be the dominant effect on resistivity. The fact that the 
systems didn’t reach thermal equilibrium (Figure 6.6) also increases the difficulty in getting help 
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from literature. Later in the TEM/STEM result section we will show evidence of Ni being dragged 
out of solution, but even with this data, no quantitative conclusions on the trapping efficiency of 
W clusters for Ni can be obtained. 
Table 6.2. List of as-grown Ni concentration (W concentration is kept at 1.6 at.%) and steady-state 
W concentration during RT irradiation. 
XNi-as grown (at.%) 0 2.9 5.1 9.4 
XW-irradiation (at.%) 0.94 0.95 1.04 1.25 
 
6.2.2 Results and discussions from TEM/STEM study 
Figure 6.9 shows the Z-contrast images for Cu89Ni9.4W1.6 and Cu95.5Ni2.9W1.6 after the first room 
temperature irradiation. Bright regions correspond to W precipitates. Clearly both the W 
precipitate size and density are smaller for Cu89Ni9.4W1.6 than Cu95.5Ni2.9W1.6. Together with the 
resistance data in Figure 6.5 and Table 6.2, one can reach the conclusion that the presence of Ni 
increases the steady-state solubility of W in Cu under irradiation, with W solubility increasing with 
Ni concentration. 
 
Figure 6.9. Effect of Ni concentration on W precipitation during RT irradiation. (a) Z-contrast 
image of Cu89Ni9.4W1.6 after RT irradiation. (b) Z-contrast image of Cu95.5Ni2.9W1.6 after RT 
irradiation. 
(a) 
(b) 
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 Figure 6.10 shows the bright field TEM images of Cu89Ni9.4W1.6 after the first RT irradiation, 
the first RT irradiation + annealing and the first RT irradiation + annealing + the second RT 
irradiation. The two microstructures following RT irradiation are remarkably similar, both contain 
small features less than 1nm in size, which are believed to be W precipitates. The microstructure 
after irradiation + annealing, however, is significantly different from the other two. It contains 
precipitates from ~1 nm to  ~5 nm. The area within the box in Figure 6.10 has been analyzed in 
detail, as shown in Figure 6.11: (a) is the FFT of the area, with d-spacings labelled for each 
diffraction spot; (b) and (c) are inverse-FFTs (IFFTs) of particular diffraction spots corresponding 
to 0.30 nmd   and 0.25 nmd  , respectively. It is seen that while some precipitates show up in 
just one of the IFFT images, there are at least two of them showing up in both of the IFFTs, 
indicating that the 0.30 nm-spacing and 0.25 nm-spacing actually come from one phase. Studies 
of other high-resolution BF images, DPs and DF images also provide solid evidence of the 
presence of such a phase. An example is shown in Figure 6.12, where (a) is a BF image with the 
DP inserted, and (b) and (c) are DF images from the diffraction spots in the circled areas in the DP, 
which corresponds to 0.25 nmd  . Figure 6.12 (b) and (c) clearly show precipitates of sizes as 
large as ~5nm, either inside of a grain or along grain boundaries. No special orientation 
relationship with the Cu matrix is observed. 
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Figure 6.10. BF images of CuNi9.4W1.6 after each treatment (labelled in the images). A reverse of 
microstructure is observed after the second RT irradiation. 
 
   
Figure 6.11. (a) FFT of the highlighted area in Figure 6.10, with d-spacings corresponding to 
diffractions spots labelled. (b) IFFT of 0.30 nm-spacing spot. (c) IFFT of 0.25 nm-spacing spot. 
(a) (b) (c) 
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Figure 6.12. (a) BF images of CuNi9.4W1.6 after RT irradiation + annealing with DP inserted. (b) 
DF image from the lower circle in the DP. (c) DF image from the upper circle in the DP. 
This precipitate phase is easily excluded from Ni FCC and W BCC phases. To identify the 
phase, crystallography information about phases on the Ni-rich side in Ni-W system are collected 
from the Powder Diffraction File (PDF) distributed by the International Center for Diffraction Data 
(ICDD), and it is listed in Table 6.3. Both NiW and Ni6W6C match (to some extent) both of the d-
spacings observed in the current study, while Ni4W matches only one. However there exist a 
number of studies that give different lattice parameters for the NiW phase, and there are also 
studies that directly question the existence of the NiW phase and claim that it is actually Ni6W6C 
[20]. Since determination of phases is not of primary interest in the study, we discontinue the above 
discussion at this point, and conclude only that the W precipitates induced by RT irradiation indeed 
force Ni atoms from solution during annealing, and result in some intermetallic phase(s). 
 
 
 
 
(a) (b) (c) 
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Table 6.3. Crystallographic information for some Ni-W phases. References: NiW [21]; Ni6W6C 
[22]; Ni4W [23]. 
Chemical formula Index d-spacing (nm) Chemical formula Index d-spacing (nm) 
NiW 
(Orthorhombic) 
2 0 0 0.303 Ni6W6C (Cubic) 2 2 2 0.315 
NiW 0 4 0 0.250 Ni6W6C 4 0 0 0.273 
NiW 1 4 0 0.231 Ni6W6C 3 3 1 0.250 
NiW 0 4 2 0.210 Ni6W6C 4 2 2 0.223 
NiW 0 4 4 0.153 Ni6W6C 7 1 1 0.153 
Ni4W 
(Tetragonal) 
1 0 1 0.302    
Ni4W 2 0 0 0.287    
Ni4W 2 1 1  0.208    
Ni4W 1 3 0 0.181    
 
Figure 6.13 shows the bright field TEM images of Cu89Ni2.9W1.6 after the first RT irradiation, 
the first RT irradiation + annealing and the first RT irradiation + annealing + the second RT 
irradiation. Similar to the observations for Cu89Ni9.4W1.6, a microstructure obtained after the 
second RT irradiation is nearly the same as after the first RT irradiation, showing that the 
microstructure is reversible, in support of the resistance measurement results (Figure 6.8). The 
microstructures after two sets of RT irradiation contain small features less than 1 nm in size, which 
are believed to be W precipitates, while the microstructure after irradiation + annealing contains 
precipitates reaching 1.5 nm. Studies on high-resolution images as well diffraction patterns also 
reveal a Ni-W intermetallic phase. An example is shown in Figure 6.14, which is a selected-area 
diffraction patterning with d-spacings labelled, including 0.305 nm, 0.244 nm, 0.221 nm and 0.151 
nm (with error). Referring to the data in Table 6.3, it is seen that they can still be matched with 
either the NiW phase or the Ni6W6C phase. For the same reason as before, the discussion about 
phases ends here, and the most useful information is that similar to Cu89Ni9.4W1.6, Ni has again 
precipitated out of Cu89Ni2.9W1.6, to form some Ni-W intermetallic phase. 
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Figure 6.13. BF images for CuNi2.9W1.6 after each treatment (labelled in the images). A reverse of 
microstructure is observed after the second RT irradiation. 
 
 
Figure 6.14. A selected-area diffraction pattern for CuNi2.9W1.6 after RT irradiation + annealing. 
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6.3 Conclusions 
The in-situ resistance measurements have provided great insight into the kinetics of materials 
under irradiation and annealing. Key conclusions are: 1) During RT irradiation W atoms 
precipitate out of solution in both the Cu-W and Cu-Ni-W systems, reaching an irradiation-
enhanced steady-state solubility, which increases with the initial W concentration. 2) During 
annealing Ni atoms react with W to form an intermetallic precipitate, thus being forced out of 
solution. 3) During irradiation the system evolves towards the same steady state regardless of the 
initial state, although the theoretical explanation for this behavior is still lacking. 
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CHAPTER 7  
CONCLUSION AND PERSPECTIVES 
This thesis work focuses on nanoscale self-organization in ternary Cu-based alloys under 
extreme environments such as high temperature annealing and intense irradiation, with the grand 
goal of achieving the stabilization of microstructures with nano-sized precipitates. Three distinct 
alloy systems have been studied using a combination of experimental and computational 
techniques. For the Cu88.5Nb10W1.5 system, for which the heats of mixing of the three underlying 
binary systems follow the relationship Δ𝐻Cu−𝑊
𝑚𝑖𝑥  ≫ Δ𝐻𝐶𝑢−𝑁𝑏
𝑚𝑖𝑥 ≫ 0 > Δ𝐻𝑁𝑏−𝑊
𝑚𝑖𝑥 , two approaches 
were devised. In the first approach, starting from a solid solution, by directly annealing or 
irradiating the material at temperatures higher than 650oC quasi-steady-state microstructures can 
be obtained, which are composed of nanoscale but still rather large Nb-rich precipitates (the largest 
being ~ 20 nm) and small W-rich precipitates (< 5 nm). Kinetic Monte Carlo simulations help to 
reveal that two mechanisms contribute to the microstructural stability: 1) Due to the much higher 
mobility of Nb in Cu than that of W in Cu, precipitation proceeds in two stages; in the early stage 
Nb atoms form Nb-rich precipitates which continuously grow, until, in the later stage, W atoms 
form small W-rich precipitates. As Nb segregates to the interfaces between these W-rich clusters 
and the Cu-rich matrix, Nb becomes undersaturated in the matrix. This leads to the partial 
dissolution of the Nb-rich precipitates in order to compensate for the Nb depletion in the matrix. 
This two-stage precipitation results in a rather surprising apparent inverse coarsening as the 
annealing temperature is increased. 2) After sufficient annealing, W coats the remaining large Nb-
rich precipitates, forming a core/shell structure, which is coarsening-resistant due to the extremely 
low mobility of W in Cu up to 0.8𝑇𝑚𝑒𝑙𝑡
𝐶𝑢 . In the second approach, starting also from a solid solution, 
by first irradiating the sample at room temperature and then annealing at elevated temperature, 
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very small but coarsening-resistant precipitates are obtained with narrow size distributions. For 
650oC annealing the average size is only 3.8 nm, with standard deviation 0.9 nm. Microscopic 
analysis by advanced transmission electron microscopy shows that after RT irradiation, W atoms 
form ramified clusters while Nb atoms are still in solution, and after annealing the precipitates 
have W-rich core/Nb-rich shell structures. Kinetic Monte Carlo simulations again help to reveal 
the underlying atomic mechanisms, namely, the fractal nature of the W clusters explains why 1.5% 
W can trap 10% Nb, and that the reason for the coarsening resistance of the precipitates is their 
negative to zero average curvatures imposed by the ramified W-rich skeleton. Those findings 
demonstrate that tailoring the internal structure and chemistry of precipitates is a practical and 
versatile strategy for achieving coarsening resistance. It will be interesting and to some extent 
necessary for evaluating the importance of my finding, to thoroughly evaluate the mechanical 
properties of these materials with stabilized microstructures, in particular their strength, their 
toughness, and their creep resistance. For applying the second approach to bulk samples, it will 
also be necessary to develop processing steps that can produce fractal-like trapping structures. 
Possible strategies could involve solidification, or severe plastic deformation. 
For the Cu83.5Ag15W1.5 system, in which Δ𝐻Ag−𝑊
𝑚𝑖𝑥  > Δ𝐻𝐶𝑢−𝑊
𝑚𝑖𝑥 ≫ Δ𝐻𝐶𝑢−Ag
𝑚𝑖𝑥  > 0, it is shown that 
by performing RT irradiation as the first treatment step, 1 nm-sized W precipitates are introduced 
while Ag atoms remain in solution. During a second irradiation at elevated temperatures, the W 
precipitates serve as effective defect sinks, thereby increasing the maximum compositional 
patterning temperature from ~ 175oC (for the binary Cu-Ag system) to above 300oC. Applying 
chemical rate theory, it is found that the introduction of W precipitates as sinks extends the sink 
elimination regime for defect kinetics to much broader temperature range. Coupled with the theory 
for compositional patterning in systems driven by competing dynamics [1], the above-mentioned 
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increase in patterning temperature is well understood. This study has successfully added a control 
variable (the sink density) into the system, which adds flexibility for high-temperature applications. 
It would be interesting to see how the maximum compositional patterning temperature changes 
with sink density, and how this idea can be implemented into other systems. The microstructural 
behavior at temperatures higher than 300oC is also interesting; as noted in Chapter 5, when the Ag 
precipitate size reaches the average spacing between W precipitates a pinning effect akin to Zener 
pinning becomes important. Will compositional patterning and pinning operate at the same time? 
How to distinguish them? How strong can the pinning force be? Will Ag precipitates envelop W 
precipitates? Will irradiation provide the fluctuations required for that to happen? The answers to 
these questions may very well introduce new ideas for processing new self-organizing 
nano-structured materials. 
For the Cu-Ni-W system, in which Δ𝐻Cu−𝑊
𝑚𝑖𝑥  ≫ Δ𝐻𝐶𝑢−𝑁𝑖
𝑚𝑖𝑥 > 0 > Δ𝐻𝑁𝑖−W
𝑚𝑖𝑥  and Cu-Ni have 
complete solubility, the dynamic processes under RT irradiation and thermal annealing were 
monitored using in-situ electrical resistance measurement. Additional characterizations have been 
performed with TEM/STEM. It is observed that the W clusters formed during RT irradiation trap 
Ni atoms during subsequent annealing, and that the microstructures under RT irradiation reach the 
same steady state, regardless of the initial state. Since at RT the thermal diffusion of W in Cu is 
negligible, the results in this study indicate that for immiscible systems, compositional patterning 
may not require thermal diffusion, in contrast to the theory proposed in Reference [1]. A recent 
study on the Cu-Nb system under severe plastic deformation [2] arrives at  a similar conclusion. 
This finding opens a brand new field to explore and suggests numerous new and interesting 
questions such as: What are the thermodynamic requirements for systems to behave in such a way? 
What is the compositional limit for the alloying element? What are the mechanisms leading to self-
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organization in the absence of thermal diffusion? What are the key features that make irradiation 
and severe plastic deformation similar? To answer them, experimental techniques that can monitor 
kinetic processes are vital, such as in-situ electrical resistance measurements and in-situ 
mechanical deformation tests. In-situ irradiation in a microscope should also provide similarly 
valuable information. 
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